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1 Introduction 
Modern materials used for production of structural components in automobiles have to 
fulfill various engineering requirements, such as high specific strength, stiffness, corrosion 
resistance, low costs, joinability and recyclability. Although light metals are gaining increased 
interest, the use of steel and steel-based parts is still state of the art in the automotive industry 
as currently 99% of the cars have a steel body and 60-70% of the car body’s weight consists 
of steel. Nowadays, due to the high standardized crash regulations, the body-in-white consists 
of up to 100% of High Strength Steels (HSS), e.g. Bake-Hardening (BH) and High Strength 
Low Alloy (HSLA) steels, and Advanced High Strength Steels (AHSS), e.g. Dual Phase (DP) 
and TRansformation-Induced Plasticity (TRIP) steels, in order to improve the passive safety. 
In addition, several factors such as increased car size and passenger comfort expectations re-
sulted in a constant gain in vehicle weight over the last decades [1]. On the other hand, with 
respect to the future of the automobile industry the weight has to be drastically reduced in 
order to meet strict CO2 emission targets, without reducing the vehicle quality and without 
increasing the production costs. It is expected that the application of steels with further in-
creased strength will allow for both weight saving and cost reduction (Fig. 1.1). 
 
Figure 1.1: Influence of the selected material on car body mass and production costs [1]. 
Normally, an increase of the strength causes reduction of the ductility and vice versa. 
Therefore, steel concepts for different applications typically follow the so-called banana curve 
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and are characterized by either high strength or high formability, as shown in Fig. 1.2. This 
limits the use of very high strength steels to simple geometries. Material concepts that over-
come this shortcoming are the second generation AHSS which combine ultra-high strength 
with high total elongation (cf. Fig. 2.2). Within this class of steels, especially Twinning-
Induced Plasticity (TWIP) steels obtain outstanding mechanical properties with a typical Ul-
timate Tensile Strength (UTS) and elongation to fracture product of more than 50000 MPa∙% 
[2, 3]. This value is often used to express the energy absorption potential of TWIP steels and 
is limited to about 20000 MPa∙% in conventional steels [4]. In contrast to the first generation 
AHSS, TWIP steels are face-centered cubic (fcc), fully austenitic at room temperature, con-
tain a high amount of manganese (15-30 wt.%) and typically, additions of C (0.05-1 wt.%), Al 
(0-3 wt.%) and/or Si (0-3 wt.%) [1, 5]. Although high-manganese austenitic steels were al-
ready developed in 1888 by Sir Robert Hadfield [6] and characterized sporadically during the 
20th century [7], it were the works of Grässel et al. [8, 9] and Frommeyer et al. [10], who re-
ported on the special mechanical properties of these alloys, that initiated the increased interna-
tional industrial and scientific interest. 
 
Figure 1.2: Combination of total elongation and ultimate tensile strength of different steel concepts [5]. 
Due to the aforementioned alloying concept of TWIP steels, the austenite is stabilized 
down to room temperature and the stacking fault energy (SFE) is in the range between ~20 
and ~50 mJ/m2 at room temperature [11-15]. Whereas at SFE values above 50 mJ/m2 plastic 
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deformation is accommodated by cross-slip and glide of dislocations, planar glide becomes 
more dominant with decreasing SFE and facilitates the formation of stacking faults, which in 
turn serve as nuclei for the activation of additional nucleation mechanisms, such as defor-
mation induced twinning (20-50 mJ/m2) and/or deformation induced ε/α’-martensite for-
mation (<20 mJ/m2) (cf. Fig. 1.3). In TWIP steels planar dislocation glide is the main defor-
mation mechanism but deformation twinning causes gradual reduction of the effective glide 
distance of dislocations, often referred to as a “dynamical Hall-Petch effect”. The resulting 
high strain-hardening rate can be accounted for the favorable combination of both ultra-high 
strength and high formability. 
 
Figure 1.3: Influence of SFE and strain on the activated deformation mechanisms [1]. 
Although TWIP steels offer a high potential for structural automotive applications and 
have been extensively studied during the last two decades, their industrial implementation is 
still in its infancy. So far, TWIP steels have only found few applications, such as the front 
bumper assembly in the FIAT Panda [16]. Except for the comparatively high alloying costs, 
the main reasons for the limited utilization are on the one hand practical ones, such as issues 
regarding their weldability and castability. On the other hand, there is still a lack of compre-
hensive understanding of the twinning effect itself, the texture evolution during processing, 
the effect of carbon on the strain-hardening behavior, and hydrogen embrittlement [1, 7, 17]. 
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For precise predictions of the material behavior by computer simulations, knowledge 
of the underlying physical mechanisms active during processing of TWIP steels is required. 
The aim of the present thesis was therefore to contribute to the understanding of these mecha-
nisms. The main focus was put on the correlation between microstructure and texture evolu-
tion during deformation and subsequent annealing, which in turn can be correlated with the 
mechanical properties. The main factors that influence the material behavior of TWIP steels 
were identified using both careful experimental investigation as well as computer simulations. 
Since TWIP steels are expected to have their main application as sheet products, the 
microstructure and texture evolution during cold rolling were studied in detail by means of 
optical microscopy, Scanning and Transmission Electron Microscopy (SEM/TEM), Electron 
Backscatter Diffraction (EBSD) and X-ray Diffraction (XRD). The results are presented in 
Chapter 4 using an Fe-28Mn-0.28C steel as an example. Different stages of microstructure 
development from low to high rolling degrees are assigned to specific modifications of the 
microstructure. The results from the experimental study are compared with simulations using 
a Visco-Plastic Self-Consistent (VPSC) model, as detailed in Appendix I. 
During thermomechanical processing the mechanical properties of TWIP steels are de-
fined by the final microstructure after annealing. Therefore, the microstructure and texture 
evolution during heat treatment of the deformed states described in Chapter 4 are discussed in 
Chapter 5. Especially the influence of the nucleation of recrystallization on the recrystalliza-
tion texture and final grain structure were investigated experimentally. In addition, a combina-
tion of the Crystal Plasticity Finite Element Method (CP-FEM) for the simulation of defor-
mation and a Cellular Automaton (CA) for the simulation of recrystallization was used to 
identify the relevant processes that determine the recrystallization behavior of TWIP steels on 
the example of a 30% cold-rolled sheet. Both models and the simulation setups used are de-
scribed in Appendices II and III. 
In Chapter 6 a study on an Fe-23Mn-1.5Al-0.3C steel deformed by 1-4 passes of 
Equal-Channel-Angular-Pressing (ECAP) at 300 °C is presented. Severe Plastic Deformation 
(SPD) methods, such as ECAP, may not be industrially relevant at present, especially for the 
production of TWIP steel sheets, but the complex deformation conditions are of scientific 
importance in order to explore new possibilities for microstructure modifications and ad-
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vanced mechanical properties. Therefore, the microstructure and texture evolution were char-
acterized during both ECAP and subsequent annealing, and is correlated with each other and 
with the resulting mechanical properties. 
A major shortcoming of TWIP steels that hinders immediate industrial application is 
their relatively low yield strength, which is detrimental for their use as crash-relevant compo-
nents. A processing route consisting of cold rolling and recovery annealing can be utilized to 
overcome this drawback. This processing method was tested for an Fe-23Mn-1.5Al-0.3C and 
an Fe-17Mn-1.5Al-0.6C TWIP steel and the results are presented in Chapter 7. The focus is 
put on the establishment between the mechanical properties, the processes occurring during 
heat treatment, and specific features of the microstructure after cold rolling and subsequent 
recovery and/or recrystallization annealing. Based on the correlations obtained in Chapters 4 
and 5, the possibility of utilizing an analysis of the texture evolution during cold rolling and 
annealing as a tool to optimize the processing parameters and to predict the mechanical be-
havior is evaluated. Furthermore, the limitations and potential of recovery-annealed TWIP 
steels were studied by comprehensive characterization of the mechanical properties. 
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2 Fundamentals 
2.1 Deformation Mechanisms in TWIP Steels 
2.1.1 Dislocation Glide 
Metals retain their crystal structure during plastic deformation (without consideration 
of the TRIP effect). That is only possible if complete parts of the crystal volume glide on 
crystallographic planes over a distance that is multiple of the atomic spacing in this plane 
(Fig. 2.1). It was also found that the theoretical shear stress that is required to allow for sliding 
of complete lattice planes over each other is much higher than the experimentally determined 
yield stress in real metals. Therefore, mechanisms must be active that facilitate easier plastic 
deformation. 
 
Figure 2.1: Plastic deformation of crystalline materials: (a) change of the crystal structure and (b) retainment of 
the crystal structure due to crystallographic glide [18]. 
It was in 1934 when Taylor, Orowan, and Polyani assumed that the existence and 
movement of dislocations define the plastic deformation of metals [19-21]. It was assumed 
that not all atoms move simultaneously but in stages, similar to a caterpillar. Figure 2.2 illus-
trates how the upper part of the crystal is moved relative to the lower part by movement of an 
additional vertical lattice plane in the upper part of the crystal. 
In principle there are two types of dislocations, edge and screw dislocations. The line 
element s is the unit vector tangential to the dislocation line and the Burgers vector b de-
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scribes the relative displacement of the sheared part of the crystal with respect to the un-
sheared part, as demonstrated for an edge dislocation in Fig. 2.3. If the line element is perpen-
dicular to the Burgers vector, the dislocation is classified as an edge dislocation, whereas par-
allelism of b and s describes a screw dislocation. Dislocations having both edge and screw 
dislocation elements are then referred to as mixed dislocations [22].  
 
Figure 2.2: Plastic deformation by dislocation glide and analogy with the movement of a caterpillar [18]. 
 
Figure 2.3: Schematic illustration of (a) the line element s and (b) the Burgers vector b for an edge dislocation 
[18]. 
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Usually, crystallographic slip occurs on close-packed planes in the direction of highest 
atomic density of the respective crystal structure. In fcc metals, such as austenitic TWIP 
steels, the {111} planes and <110> directions are the close-packed planes and directions and 
therefore, define the primary slip system of type {111}<110> with a Burgers vector b of 
a/2<110> in the case of a perfect dislocation. Since b of a perfect dislocation is always a lat-
tice vector, atoms move from one regular lattice site to another without changing the stacking 
sequence of the lattice planes. The elastic strain energy Eel of a dislocation can be approxi-
mated by 
𝐸𝑒𝑙 = 𝛼𝐺𝑏
2                                                                                                                                           (2.1) 
where G is the shear modulus and α is a geometrical constant in the range between 0.5 and 1 
[23]. It can be seen from Eq. 2.1 that the elastic energy of a dislocation is proportional to b2. 
Therefore, the dissociation of the perfect dislocation into partial dislocations with smaller 
Burgers vectors might reduce the elastic energy. These partial dislocations have already been 
observed in fcc metals. The most important examples are the so-called Shockley partial dislo-
cations. A perfect dislocation dissociates into two Shockley partials on a {111} plane follow-
ing [24] 
𝑏𝑝𝑒𝑟𝑓𝑒𝑐𝑡 = 𝑏𝑝𝑎𝑟𝑡𝑖𝑎𝑙1 + 𝑏𝑝𝑎𝑟𝑡𝑖𝑎𝑙2                                                                                                        (2.2) 
𝑎
2
[11̅0] =
𝑎
6
[21̅1̅] +
𝑎
6
[12̅1]                                                                                                            (2.3) 
However, the Burgers vector of each Shockley partial is not a lattice vector and therefore, 
leads to the formation of a planar defect between the leading and the trailing partial disloca-
tion. This defect is referred to as a stacking fault as it causes a local change of the stacking 
order of the crystal. The formation of a stacking fault requires an additional energy ESF with 
𝐸𝑆𝐹 = 𝛾𝑆𝐹𝐿𝑥                                                                                                                                          (2.4) 
where L, x, and γSF denote the length and the separation distance of the partial dislocation and 
the SFE, respectively. Hence, partial dislocations and the corresponding stacking fault are 
formed if  
𝐸𝑒𝑙,𝑝𝑒𝑟𝑓𝑒𝑐𝑡 > 𝐸𝑒𝑙,𝑝𝑎𝑟𝑡𝑖𝑎𝑙1 + 𝐸𝑒𝑙,𝑝𝑎𝑟𝑡𝑖𝑎𝑙2 + 𝐸𝑆𝐹                                                                                (2.5) 
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ESF depends mainly on the SFE of the material. TWIP steels are characterized by a low SFE 
value and thus, the dissociation of perfect dislocations into partial dislocations, their move-
ment, and the formation of stacking faults is of eminent importance in these alloys. 
 As mentioned above, the movement of partial dislocations leads to a local change of 
the stacking sequence. The stacking order of the {111} planes in fcc metals is ABCABCABC. 
If a partial dislocation is considered passing between the second B and a C plane, then the C 
plane takes the site of the original A plane, whereas the A and B planes take the positions of 
the original B and C planes, respectively. The new order follows as ABCABABCABC. Thus, 
a local area with hexagonal close packed (hcp) stacking order ABAB is formed. This stacking 
fault is referred to as a single intrinsic stacking [25] fault and serves as a nucleus for ε-
martensite. Considering that partial dislocations move on every second close-packed plane 
allows explaining the deformation-induced γ to ε transformation, as shown in Fig. 2.4. On the 
other hand, if a Shockley partial dislocation moves on every close-packed plane, a double 
stacking fault (extrinsic stacking fault) leads to the local stacking order ABCBABC, where 
the C plane acts as a mirror plane in the sequence AB/C/BA. This extrinsic stacking fault can 
be considered as a nucleaus for the formation of a deformation twin, as illustrated in Fig. 2.5.  
 
Figure 2.4: Illustration of the γ-austenite to ε-martensite transformation based on the movement of partial dislo-
cations on every second close-packed plane. 
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Figure 2.5: Illustration of the twin formation in γ-austenite based on the movement of partial dislocations on 
every close-packed plane. 
2.1.2 Deformation Twinning 
In addition to metals with limited number of slip systems, such as the hcp metals Ti, 
Zn, and Mg, especially fcc metals with low SFE, such as Cu-Zn alloys and TWIP steels, show 
pronounced deformation twinning already at low degrees of deformation due to the increased 
work hardening as a result of limited dynamic recovery. The plastic deformation accommo-
dated during twinning is equivalent to a simple shear process with a defined shear value of 
√2
2
 
in metals with cubic crystal structure. The deformation twin formed exhibits the same crystal 
structure as the parent phase but a new orientation that corresponds to a 180° rotation in the 
{111} plane around the plane normal (Fig. 2.6). Thus, the corresponding {111} plane is 
equivalent to a mirror plane that belongs to both twin and matrix and forms a coherent twin 
boundary. 
As reviewed by Christian and Mahajan [26], the twinning elements can be described 
as shown in Fig. 2.7. Here, K1 denotes the undistorted {111} twinning plane. η1 denotes the 
shear direction of <112> type corresponding to the Burgers vector of the Shockley partial 
dislocations that form the twin. Equivalent to slip systems, the twin system {hkl}<uvw> can 
be defined by the twinning plane K1 and the shear direction η1 as {111}<112> in fcc metals. 
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Furthermore, K2 and η2 are the conjugate twinning plane and conjugate shear direction, re-
spectively. S defines the shear plane that contains η1 and the normal to K1 and K2 and is of 
{110} type in fcc crystals. 
 
Figure 2.6: Schematic of the shape change of a crystal due to deformation twinning. The dashed lines refer to the 
undeformed crystal. 
 
Figure 2.7: The crystallographic elements of the twin system [26]. 
2.1.3 Shear Banding 
Shear bands are formed in areas of high localized stress and correspond to thin bands 
of intense shear. These bands are understood as a form of plastic instability that follows 
1
𝜎
𝑑𝜀
𝑑𝜎
< 0                                                                                                                                                (2.6) 
and was extended by Dillamore et al. [27] to 
1
𝜎
𝑑𝜀
𝑑𝜎
=
𝑛
𝜀
+
𝑚
𝜀̇
+
1 + 𝑛 +𝑚
𝑀𝑇
𝑑𝑀𝑇
𝑑𝜀
−
𝑚
𝜌
𝑑𝜎
𝑑𝜀
< 0                                                                            (2.7) 
where ε, 𝜀̇, and σ are the strain, strain rate, and stress, n and m the strain hardening and strain 
rate exponents, ρ the dislocation density and MT the Taylor factor. Following Eq. 2.7, Dilla-
more et al. [27] showed that instability is favored if the lattice rotates into a geometrically 
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softer condition, which has its minimum close to ±35°, which corresponds to the typical incli-
nation angle of shear bands with respect to the rolling plane in rolled metals [28]. This shear 
band angle was also verified by Lee and Chan [29] by consideration of the texture softening 
as well as the minimum Taylor factor. 
In materials with low SFE mainly Brass-type shear bands are formed. In contrast to 
Copper-type shear bands that form in high-to-medium-SFE materials, Brass-type shear bands 
can extend over the whole sample cross section. In low-SFE materials twin/matrix lamellae 
rotate into the rolling plane during the rolling process at medium degrees of thickness reduc-
tion. Further dislocation glide is then hindered due to the fact that the Schmid factor on the 
operative glide plane decreases towards zero. In addition, dislocation glide on other {111} 
planes is impeded as a result of the very short glide distance between the twin boundaries [30, 
31]. As a consequence, localized strain concentration leads to the formation of shear bands 
with a thickness in the range from 0.1 to 1µm [32], as shown in Fig. 2.8. 
 
Figure 2.8: TEM BF micrograph of a shear band formed within twin-matrix lamellae in 70% cold-rolled 316L 
stainless steels [31]. 
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2.1.4 Microstructure Evolution 
The microstructure evolution during deformation depends strongly on the active de-
formation mechanisms, which in turn depend on the SFE. In high-SFE materials the dissocia-
tion width of partial dislocations is short. Hence, recombination of these partials is relatively 
easy so that cross-slip of screw dislocations and climb of edge dislocations are promoted. 
Both mechanisms are important for the occurrence of dynamic recovery processes, such as 
rearrangement and annihilation of dislocations. The rearrangement of dislocations into ener-
getically favorable positions leads to grain fragmentation into subgrains and dislocation cells 
that consist of cell walls of high dislocation density and an interior with significantly less dis-
locations. At this, the cell blocks formed are separated by Geometrically Necessary Bounda-
ries (GNBs), whereas dislocation cells within these cell blocks are separated by Incidental 
Dislocation Boundaries (IDBs) [33-36] (cf. Fig. 2.9). With increasing deformation degree the 
disorientation ϴ between adjacent dislocation cells is increased, whereas the thickness of the 
dislocation cell walls and the cell size D are reduced [37]. These relations were formulated by 
Hughes et al. [38] as follows 
𝜃~𝑘𝜀𝑛                                                                                                                                                    (2.8) 
𝐷 = 𝐾𝜀−𝑛                                                                                                                                              (2.9) 
where k and K are material-specific constants, and n is an empirical exponent that is 2/3 for 
GNBs and 1/3 for IDBs. At very high degrees of plastic deformation these processes are fur-
ther promoted. Therefore, the formation of ultra-fine grains (<1µm) and of nano-scale grains 
(<100 nm) can be realized using SPD methods, such as ECAP, where very high deformation 
degrees can be attained. This process of dislocation-controlled formation of ultra-fine grained 
materials is also referred to as dislocation driven grain fragmentation [34, 39-42].  
On the other hand, in low-SFE materials the partial dislocations can be separated over 
a wide distance leading to the formation of extended stacking faults and difficulty of cross-
slip and climb of dislocations. Thus, dynamic recovery processes are much less pronounced 
as compared to high-SFE materials and the formation of well-defined subgrains is prohibited. 
By contrast, deformation twinning is activated in low-SFE materials. The deformation twins 
form with a thickness down to several nanometers and therefore, facilitate effective grain re-
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finement, as twin boundaries are known to act as effective barriers for dislocation movement 
[43] (cf. Fig. 2.10). Hence, the grain refinement due to the formation of deformation twins is 
termed as twin fragmentation mechanism [44, 45]. 
 
Figure 2.9: TEM BF micrograph of CBs, IDBs, and GNBs formed in pure Al deformed by compression [35]. 
 
Figure 2.10: Deformation twins formed in Fe-23Mn-1.5Al-0.3C after 40% thickness reduction by cold rolling. 
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2.1.5 Texture Evolution  
The crystallographic texture is defined as the distribution of the crystallographic orien-
tations of a given sample [46]. The orientation changes that take place during plastic defor-
mation are governed by the active deformation mechanisms and thus, are different for low-
SFE and high-SFE materials.  
2.1.5.1 Cold Rolling 
The main texture components that are formed in fcc metals are presented in the Orien-
tation Distribution Function (ODF) sections of the Euler space in Fig. 2.11. Their definitions 
in terms of Euler angles and Miller indices are summarized in Tab. 2.1 and the corresponding 
coordinate system is a conventional Cartesian system with x = RD, y = TD, and z = ND. The 
typical textures formed in low- and high-SFE materials are shown in the ODFs in Fig. 2.12. In 
high-to-medium-SFE metals the texture after cold rolling is dominated by the β-fiber texture 
components Cu, S, and Brass, which is referred to as a Copper-type texture. On the other 
hand, low-SFE materials, such as CuZn and CuAl alloys, form a Brass-type texture that con-
sists of a strong Brass and minor CuT, Goss, S, and at high deformation degrees E and F tex-
ture components. In addition, transition textures with characteristics of both texture types can 
be observed in medium-to-low-SFE materials [47]. 
 
Figure 2.11: Location of the main texture components of fcc metals in Euler space. 
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Table 2.1: Definition of texture components illustrated in Figure 2.11. 
texture component symbol Miller indices 
Euler angles (°) 
(φ1, Φ, φ2) 
fiber 
Brass (B)  {110}<112> (55, 90, 45) α, β 
Goss (G)  {110}<100> (90, 90, 45) α, τ 
Goss/Brass (G/B)  {110}<115> (74, 90, 45) α 
Rotated Goss (RtG)  {110}<110> (0, 90, 45) α 
A  {110}<111> (35, 90, 45) α 
P  {011}<211> (30, 90, 45) α 
Cube (C)  {001}<100> (45, 0, 45) / 
E  {111}<110> (0/ 60, 55, 45) γ 
F  {111}<112> (30/ 90, 55, 45) γ 
Copper (Cu)  {112}<111> (90, 35, 45) β, τ 
CopperTwin (CuT)  {552}<115> (90, 74, 45) τ 
S  {123}<634> (59, 37, 63) β 
α-fiber <110> parallel to ND 
β-fiber <110> tilted 60° from ND towards RD 
γ-fiber <111> parallel ND 
τ-fiber <110> parallel TD 
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Figure 2.12: ODF sections of (a) 90% cold-rolled Al with high SFE [48] and (b) 95% cold-rolled 70:30 brass 
with low SFE [49]. 
The transition from the Cu- to the Brass-type texture has long been a matter of debate. 
Already in 1963, Wassermann ascribed the texture transition to a volume effect of defor-
mation twinning [50]. This hypothesis has later been disproved because the twins are very 
narrow and thus, contain a low volume. Since then several experimental studies have been 
carried out on low-SFE alloys in order to correlate the texture transition with the onset of ei-
ther deformation twinning or shear banding [30, 49, 51-55]. Recently, Leffers and Ray con-
cluded that the Brass-type texture results from planar dislocation glide and indirectly from 
twinning due to the related latent hardening [56]. Based on the work of Engler on CuMn al-
loys [57] it was shown that the texture transition is primarily correlated with the onset of pla-
nar slip and shear banding. 
During the past years, some first studies on the texture formation during cold rolling of 
high-manganese TWIP steels were also performed [58-61]. In general, a Brass-type texture 
was observed in these studies, but a comprehensive understanding of the texture formation in 
TWIP steels is still lacking. 
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2.1.5.2 ECAP 
In essence, the plastic deformation during ECAP corresponds to a simple shear defor-
mation if friction is neglected. Therefore, the main texture components formed during ECAP 
are similar to simple shear texture components. These texture components are illustrated in 
Fig. 2.13 and defined in Tab. 2.2. The corresponding coordinate system is given in Fig. 3.2. In 
contrast to the texture evolution during cold rolling, studies on the evolution during ECAP 
and especially the influence of the SFE are rather limited. The influence of processing param-
eters, such as ECAP route, friction, and die geometry, and of the crystal structure have recent-
ly been reviewed by Beyerlein and Tóth [62]. Following route BC, which corresponds to a 90° 
sample rotation after each ECAP pass [63], Suwas et al. [64] found that B was the strongest 
texture component in pure Al, whereas Li et al.[65] reported the A1 texture component to be 
the strongest in Al and Cu specimens. With respect to the influence of the SFE on the texture 
evolution during ECAP, Skrotzki et al. [66] and Suwas et al. [67] claimed that the main tex-
ture components change from C over A1 to B with decreasing SFE. 
 
Figure 2.13: Location of the main texture components formed during ECAP in Euler space. 
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Table 2.2: Definition of the ideal texture components in Figure 2.13 for an ECAP die with 90° angle. 
texture component φ1 (°) Φ (°) φ2 (°) 
A1 
80.26 / 260.26 45 0 
170.26 / 350.26 90 45 
A2 
9.74 / 189.74 45 0 
99.74 / 279.74 90 45 
C 
135 / 315 45 0 
45 / 225 90 45 
A 45 35.26 45 
A̅ 225 35.26 45 
B 45 / 165 / 285 54.74 45 
B̅ 105 / 225 / 345 54.74 45 
{111}-/ A-fiber {111}<uvw> 
<110>-/ B-fiber {hkl}<110> 
2.2 Softening Mechanisms 
During conventional processing of sheet products the material work-hardens signifi-
cantly during cold rolling and thus, the remaining uniform ductility is reduced. A subsequent 
heat treatment is normally used to modify the deformed microstructure and the mechanical 
properties, i.e. to soften the material and regain formability. In principle, three softening 
mechanisms can be active, either together or separately, namely recovery, recrystallization, 
and grain growth. Due to the relevance for the results presented in this thesis, only static re-
covery and static recrystallization will be explained. Detailed information on dynamic pro-
cesses and on grain growth can, for example, be found in [18, 68, 69]. 
2.2.1 Recovery 
In general, recovery relates to thermally activated processes of dislocation rearrange-
ment, including the formation of dislocation dipoles, and dislocation annihilation. Due to the 
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elastic distortion of the lattice resulting from dislocations, a reduction of the dislocation densi-
ty facilitates lower Gibbs free energy of the system. The stress fields of dislocations interact 
with each other according to the Peach-Köhler equation. On the one hand, in the case that two 
dislocations of opposite sign are on the same glide plane, these dislocations would attract each 
other and finally annihilate if they meet. Consequentially, these processes lead to a reduction 
of the overall dislocation density. On the other hand, two dislocations of opposite sign that are 
on adjacent glide planes would still attract, but form a dislocation dipole in order to minimize 
the distance between each other and thus, reduce the lattice distortion. These dislocations 
might still annihilate if one changes the glide plane by cross-slip or climb. In addition, dislo-
cations of same sign might also attract each other depending on the angle between the disloca-
tions and rearrange in energetically favorable patterns, i.e. form a low-angle grain boundary. 
Further rearrangement of dislocations promotes the formation of a 3-dimensional network of 
low-angle grain boundaries, i.e. subgrains, and is referred to as polygonization [70] 
(cf. Fig. 2.14). 
 
Figure 2.14: TEM BF micrographs showing the polygonization of loose dislocation tangles in cell walls to sub-
grain boundaries in 10% deformed Al: (a) deformed state and (b) after annealing for 2 min at 
250 °C [70]. 
All processes described above require the rearrangement of dislocations, which in turn 
requires cross-slip of screw dislocations and climb of edge dislocations. As stated in Section 
2.1.1, dissociated dislocations must recombine in order to allow for changing the glide plane. 
This process is relatively easy in high-SFE metals and difficult in low-SFE metals. Therefore, 
recovery is pronounced in metals with high SFE and hindered in metals with low SFE. 
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2.2.2 Recrystallization 
Recrystallization is the formation of a new grain structure in a deformed material by 
nucleation and growth of new recrystallized grains and thus, can be described as a Gibbs I 
transformation. This new grain structure develops by the formation and migration of high-
angle grain boundaries driven by the stored elastic energy of the dislocations [71]. Since the 
reconstruction of the microstructure proceeds discontinuously, this process is termed as dis-
continuous recrystallization. The driving force p stems from the elastic energy Eel (cf. Eq. 2.1) 
of all dislocations 
𝑝 = 𝐸𝑒𝑙𝜌 = 𝛼𝐺𝑏
2𝜌                                                                                                                           (2.10) 
In contrast to recovery, which proceeds spontaneous, the activation of recrystallization re-
quires an incubation period that is needed to develop recrystallization nuclei. In order to gen-
erate a stable nucleus, three instability criteria must be fulfilled [18]: 
(i) Thermodynamic instability: The nucleus must exceed a critical size in order to com-
pensate the energy required to extend its surface. The critical radius can be expressed 
as 
𝑟𝑐𝑟𝑖𝑡 =
2𝛾
𝑝
=
4𝛾
𝐺𝑏2𝜌
                                                                                                       (2.11) 
where γ denotes the grain boundary energy. Nuclei of critical size are already present 
in the deformed microstructure in the form of dislocation cells and subgrains. Howev-
er, recovery processes are required to activate such a dislocation cell as a nucleus [72]. 
(ii) Mechanical instability: A local imbalance of the driving force, either an inhomogene-
ous dislocation distribution or a local imbalance of the subgrain size, is required for 
the grain boundary of the nucleus to move in a defined direction. 
(iii) Kinetic instability: The grain boundary of the nucleus has to be mobile. This criterion 
is only met by high-angle grain boundaries because low-angle grain boundaries are 
characterized by a very low mobility [69]. 
Due to the necessity to meet all three criteria and to the difficulty to form a high-angle 
grain boundary, nucleation of recrystallization is normally observed to occur heterogeneously 
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in regions of high strain, high local orientation gradients, and often at a pre-existing grain 
boundary. Preferred nucleation sites might be grain boundaries of the deformed grains, transi-
tion bands, deformation zones around particles, and shear bands [71, 72] (cf. Fig. 2.15). After 
this nucleation stage, the nuclei grow until they impinge. Finally, complete transformation of 
the deformed microstructure by new recrystallized grains marks the end of primary recrystal-
lization. 
 
Figure 2.15: EBSD BC mappings showing preferred nucleation at grain boundaries and grain-scale shear bands 
in Fe-28Mn-0.28C TWIP steel after 50% cold rolling and annealing at 550 °C for 12 min. 
A quantitative description of the recrystallization kinetics was introduced by Johnson 
and Mehl [73], Avrami [74-76], and Kolmogorov [77]. The corresponding JMAK equation 
follows as 
𝑋 = 1 − exp {−(
𝑡
𝑡𝑅
)
𝑞
}                                                                                                                   (2.12) 
where X is the recrystallized volume fraction, tR the recrystallization time at X=1/e=0.63, and 
q the time exponent. Under simplified assumptions, such as isotropic nuclei growth, homoge-
neous nucleation, and constant growth velocity v and nucleation rate ?̇?, X can be derived as 
𝑋 = 1 − exp (−
𝜋
2
?̇?𝑣3𝑡4)                                                                                                             (2.13) 
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The recrystallization time and the primary recrystallized grain size d can be derived from 
Eqs. 2.12 and 2.13 as follows 
𝑡𝑅 = (
𝜋
3
?̇?𝑣3)
−
1
4
                                                                                                                                (2.14) 
𝑑 = 2𝑣𝑡𝑅 = 2(
3
𝜋
𝑣
?̇?
)
1/4
                                                                                                                  (2.15) 
where v and ?̇? can be expressed as 
𝑣 = 𝑣0 exp (−
𝑄𝑣
𝑘𝑇
)                                                                                                                           (2.16) 
?̇? = 𝑁0̇ exp (−
𝑄?̇?
𝑘𝑇
)                                                                                                                         (2.17) 
𝑄𝑣 and 𝑄?̇? are the activation energies of nuclei growth and nucleation, respectively, and k is 
the Boltzmann constant. Combining Eqs. 2.13, 2.16, and 2.17 shows that the recrystallization 
time depends exponentially on the annealing temperature 
𝑡𝑅 = (
3
𝜋𝑁0̇𝑣0
3)
1/4
exp (
𝑄?̇?+3𝑄𝑣
4𝑘𝑇
)                                                                                                       (2.18)  
Furthermore, combining Eqs. 2.15-2.17 evidence that also the grain size depends exponential-
ly on the annealing temperature and on the competition between nucleation rate and growth 
rate 
𝑑 = (
48𝑣0
𝜋𝑁0̇
)
1
4
exp (
𝑄?̇?−𝑄𝑣
4𝑘𝑇
)                                                                                                                (2.19)  
2.2.3 Recrystallization Texture Evolution 
As described in Section 2.2.2, new recrystallized grains nucleate preferentially on mi-
crostructural inhomogeneities of the deformed microstructure. Therefore, the texture formed 
during recrystallization depends on the deformation mechanisms, microstructure, and texture. 
The final recrystallization texture depends on two factors: the initial nuclei orientations and 
the nucleation and growth rates of new grains [78]. Based on these two factors, two theories 
have been developed to explain the texture evolution during recrystallization. On the one 
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hand, new grains form with a preferred orientation, which is referred to as the oriented nuclea-
tion theory [79]. On the other hand, the texture can be defined by the preferred growth of 
grains of specific orientation, which is described by the oriented growth theory [80]. In both 
cases nuclei are formed with orientations that are already present in the deformed texture. 
Therefore, no new orientation can be formed although the final recrystallization texture can 
deviate strongly from the deformation texture. However, in low- and medium-SFE materials, 
such as Cu and TWIP steels, the formation of recrystallization twins can cause the formation 
of orientations not present in the deformed state. In principle, three different types of recrys-
tallization textures can be distinguished: the deformation texture can be retained, the texture 
can be randomized, or the recrystallization texture is dominated by a texture component that 
is only a negligible fraction of the deformation texture [81]. 
2.2.3.1 Cold Rolling 
Most research effort was put in studying recrystallization textures of cold-rolled sheets 
due to their industrial relevance. Alike the cold-rolled state, the texture after recrystallization 
depends on the SFE of the material. In medium- and high-SFE metals after high degrees of 
deformation, a strong Copper-type texture forms during cold rolling, whereas a pronounced 
Cube texture is formed during recrystallization [82], as shown in Fig. 2.16(a). By contrast, 
low-SFE alloys that form a strong Brass-type rolling texture develop a pronounced brass re-
crystallization texture with {236}<385> being the strongest texture component [83] 
(cf. Fig. 2.16(c)). However, these pronounced recrystallization textures are normally formed 
after very high degrees of cold rolling and vary significantly depending on several factors, 
such as impurities, grain size, initial texture before deformation, and cold rolling degree [78, 
83-85]. In addition, both recrystallization twinning and nucleation at shear bands can lead to a 
weakening of the recrystallization texture, which is ascribed to the formation of new orienta-
tions by twinning [86, 87] and random nucleation in shear bands [88]. 
Studies on the texture formation during recrystallization in TWIP steels have only 
been conducted to a low extent. Most studies report a retained rolling texture [58, 89-91], as 
shown in Fig. 2.17. This behavior is similar to recrystallization textures formed in CuZn [92] 
and stainless steel [31, 93] after moderate deformation by rolling. In addition to retainment of 
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the rolling texture components, weakening of the texture [94-97] and formation of twin-
related texture components [60] were also observed in TWIP steels. 
 
Figure 2.16: {111} pole figures of 95% cold-rolled and recrystallized (a) Cu, (b) Cu5Zn, and (c) Cu22Zn [18].  
 
Figure 2.17: ODF sections of 50% cold-rolled Fe-Mn-C-N TWIP steel: (a) cold-rolled state, (b) deformed grains 
and (c) recrystallized grains in partly recrystallized condition after annealing at 650 °C for 120 s, 
and (d) recrystallized state [58]. 
2.2.3.2 ECAP 
Publications on the texture evolution during recrystallization of ECAP-deformed met-
als are very scarce. The works by Ferrarasse et al. [98] and Molodova et al. [99, 100] investi-
gated the texture evolution in Cu and several Al alloys after different number of ECAP passes 
2 Fundamentals   
 
26 
 
and different routes (A, BC, C, and D). They reported that the texture after annealing contains 
the ECAP texture components but is of weaker intensity compared to the deformation texture.  
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3 Experimental 
3.1 Materials Chemistry and Processing 
In this work, three high-manganese TWIP steels have been studied. The materials 
were processed and analyzed within the Collaborative Research Center (SFB) 761 "Steel-ab 
initio; quantum mechanics guided design of new Fe based materials" founded by the German 
Research Foundation (DFG). The chemical composition and corresponding SFE values of the 
alloys are given in Tab. 3.1. The SFE values were estimated using a subregular thermodynam-
ic solution model (Fig. 3.1) [15]. 
 
Figure 3.1: Manganese-carbon SFE maps following the model in Ref. [15]. 
Table 3.1: Chemical composition and estimated SFE values of the investigated TWIP steels. 
element 
Fe 
(wt.%) 
C 
(wt.%) 
Mn 
(wt.%) 
Al 
(wt.%) 
Si 
(wt.%) 
N 
(wt.%) 
P 
(wt.%) 
SFE 
(mJ/m2) 
1 bal. 0.282 28.00 0.01 0.10 0.0160 0.01 27 
2 bal. 0.325 22.46 1.21 0.04 0.0150 0.01 25 
3 bal. 0.605 17.72 1.46 0.03 0.0130 0.01 29 
The specimens of the three alloys investigated were processed following the same pro-
cessing routine. First, the alloys were melted in an air conduction furnace and cast into a 
30 kg ingot at the Institute of Ferrous Metallurgy (IEHK) of the RWTH Aachen University. 
Afterwards, a homogenization heat treatment was performed at 1150 °C for 5 h in a muffle 
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furnace in order to reduce segregation of the alloying elements. The initial ingot (140 mm in 
height) was then forged at 1150 °C to a height of 55 mm, followed by another homogeniza-
tion annealing at 1150 °C for 5 h and air cooling. The 55 mm thick slab was hot rolled at 
1150 °C to a thickness of 2.4 mm through 25 passes with reheating after each pass.  
3.1.1 Cold-Rolled Specimens 
For investigation of the cold-rolled materials, the hot rolled sheets were cold rolled at 
room temperature up to 80 % thickness reduction using a laboratory rolling mill at the Insti-
tute of Metal Forming (IBF) of the RWTH Aachen University. The corresponding rolling 
degrees are shown in Tab. 3.2.  
Table 3.2: Engineering strain (e), true strain (ε) and microhardness of the cold-rolled material. 
engineering strain e (%) 10 20 30 40 50 60 70 80 
true strain ε=ln(t0/t) 0.11 0.22 0.36 0.51 0.69 0.92 1.2 1.61 
3.1.2 ECAP Specimens 
In order to be able to cut rods for ECAP experiments, the forged slabs were hot rolled 
to a thickness of 10 mm. Rods with a diameter of 10 mm and a length of 35 mm were then cut 
out of the hot-rolled slabs perpendicular to the rolling direction for further deformation by 
ECAP. 
The ECAP rig used for experiments is described in detail in [101]. Deformation of the 
samples by ECAP was performed at the Centre of Hybrid Advanced Materials of the Monash 
University Melbourne. In the study of a TWIP steel similar to that investigated in the current 
work [102], it was found that ECAP of TWIP steel at temperatures lower than 300 °C causes 
fracture of the punch due to high work hardening of the material. Therefore, the die of the 
equipment was first heated up to the required temperature of 300 °C and then the specimens 
were given a time of 5 min to reach the desired temperature in the interior of the die. The 
TWIP steel rods were pushed from the entry channel through the 90° angle into the exit chan-
nel with a feed rate of 1 mm/s, causing shear plastic deformation along the channel intersec-
tion plane. ECAP passes of 1, 2, and 4 were realized with air cooling after each pass and a 
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sample rotation of 90° between consecutive passes to follow route BC [63]. The equivalent 
strain ε introduced by ECAP can be calculated by the equation 
𝜀 = (
𝑁
√3
) [2 cot {(
𝛷
2
) + (
𝛹
2
)} + 𝛹𝑐𝑜𝑠𝑒𝑐 {(
𝛷
2
) + (
𝛹
2
)}]                                                          (3.1) 
where N is the number of passes, Ψ the outer angle, and Φ the inner angle [103]. In the ECAP 
setup used Ψ and Φ had values of 0° and 90°, respectively, resulting in strain values of 
ε1 = 1.155 after 1 ECAP pass, ε2 = 2.31 after 2 ECAP passes, and ε4 = 4.62 after 4 ECAP 
passes. The sample taking with respect to the reference coordinate system is illustrated in 
Fig. 3.2. Additional heat treatment was performed in a sandbath furnace at 550 °C and 
600 °C. 
 
Figure 3.2: Schematic diagram of reference coordinate system and sample taking according to the die geometry. 
3.2 Sample Preparation 
Steel specimens of dimensions 10 mm x 12 mm (transverse direction (TD) and rolling 
direction (RD)) were cut from the cold-rolled sheets, whereas specimens of the dimensions 
8 mm x 10 mm x 1mm (extrusion direction (ED) x normal direction (ND) x TD) were cut 
from the rods deformed by ECAP. The heat treatments were carried out in a laboratory sand bath 
furnace. Subsequently, the specimens were ground mechanically with 800, 1200, 2400, and 
8mm 8mm
ED, x
ND, y
TD, z
ECAP die
90°
specimen
plunger
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4000 SiC grit paper followed by mechanical polishing using 3 µm and 1 µm diamond suspen-
sion, respectively. For microstructure investigations by optical microscopy and SEM/EBSD in 
the RD-ND and ED-ND planes the samples were further electropolished at room temperature 
for 22 s at 20 V using an electrolyte consisting of 700 ml ethanol (C2H5OH), 100 ml butyl 
glycol (C6H14O2), and 78 ml perchloric acid (60%) (HClO4). Hardness testing and XRD were 
performed on the center layer of the specimens, which were prepared as described above but 
finally electropolished for 120 s at 20 V. In addition to electropolishing, samples for optical 
microscopy were additionally etched at room temperature for several seconds using an etch-
ing solution consisting of 2 g potassium disulfide (K2S2O5) and 100 ml cold-saturated 
Klemm I solution (Na2S2O3 + 5H2O). For microstructure observation by SEM, the specimens 
were etched at room temperature using a 2% Nital solution (95 ml C2H5OH and 5 ml HNO3). 
In order to prepare the TEM samples, the initial specimens were ground to a thin layer of 
~100 µm from which discs of 3 mm diameter were stamped out. The discs were then elec-
tropolished using the same electrolyte as given above in a double jet Struers Tenupol-5 with a 
flow rate of 10 and a voltage in the range between 19 V and 29 V at room temperature. 
3.3 Characterization Techniques 
3.3.1 Microstructure Characterization 
SEM and EBSD analyses were carried out in a LEO 1530 field emission gun scanning 
electron microscope (FEG-SEM). The SEM was operated at 20 kV accelerating voltage and a 
working distance of 10 mm. EBSD mappings were visualized and post-processed using either 
the HKL Channel 5 or the TSL OIM Analysis 7 software. Wild spikes and non-indexed points 
were corrected by considering the orientation of neighboring pixels, taking at least 5 five 
neighbor pixels into account. Grains containing less than 10 data points were disregarded. 
Subdivision of EBSD mappings into subsets containing only recrystallized (RX), recovered 
(RC), or deformed (DEF) grains was realized using an algorithm of the MATLAB®-based 
MTEX toolbox [104-106]. As described in Refs. [107, 108], the internal grain/subgrain miso-
rientation was determined using the grain reference orientation deviation technique (GROD-
AO), which takes the average grain/subgrain orientation as reference, and a threshold of 
RX < 1.5° < RC < 6° < DEF was applied. Furthermore, MTEX was also utilized to calculate 
the microtexture ODFs and the corresponding volume fractions of specific texture compo-
nents. 
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TEM analyses were performed using a JEOL JEM 2000 FX II analytical TEM that is 
placed at the Central Facility for Electron Microscopy (GfE), RWTH Aachen University and 
was operated at 200 kV. 
3.3.2 Texture Measurements 
The crystallographic macrotexture was determined by X-ray pole figure measure-
ments, where three incomplete (0-85°) pole figures, {111}, {200}, and {220}, were acquired 
on a Bruker D8 Advance diffractometer, equipped with a HI-STAR area detector. The texture 
goniometer was operated at 30 kV and 25 mA. Iron radiation with a wavelength of 
1.93735 nm, a manganese filter and polycapillary focusing optics were used. The macrotex-
ture ODFs were also calculated in MTEX as well as the volume fractions of the main texture 
components (Tabs. 2.1 and 2.2) using a spread of 15° from their ideal orientation. The overall 
intensity of the textures was characterized by the respective texture index T which was calcu-
lated as [109] 
𝑇 =  ∮[𝑓(𝑔)]2𝑑𝑔                                                                                                                                (3.2) 
where f(g) is the orientation density function and g denotes the orientation defined by the 
three Euler angles 𝑔 = (𝜑1, 𝛷, 𝜑2). 
3.3.3 Mechanical Characterization 
3.3.3.1 Hardness Testing 
Vickers hardness testing was performed using a Shimadzu HMV microhardness tester 
with a load of 1 kg (HV1). Ten indents per sample were measured and linearly averaged into 
a hardness HV(t) at time t. The hardness data were particularly used for calculating the recrys-
tallized volume fraction, X, as 
𝑋 =
𝐻𝑉𝑖𝑛𝑖𝑡𝑖𝑎𝑙 − 𝐻𝑉(𝑡)
𝐻𝑉𝑖𝑛𝑖𝑡𝑖𝑎𝑙 − 𝐻𝑉𝑓𝑖𝑛𝑎𝑙
                                                                                                                     (3.3) 
where HVinitial, HVfinal, and HV(t) denote the hardness before the onset of recrystallization, 
after complete recrystallization, and at a given annealing time t, respectively. Recovery was 
considered negligible. 
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3.3.3.2 Tensile Testing 
Quasi-static tensile tests were performed at a constant strain rate of 10-3 s-1 using either 
a screw-driven Zwick 1484 mechanical testing device at the Institute of Physical Metallurgy 
and Metal Physics (IMM) of the RWTH Aachen University (results presented in Chapter 6 
and 7) or a Z250 Zwick/Roell universal tensile testing machine at the IEHK (results of Fe-
17Mn-1.5Al-0.6C in Chapter 7). The strain was measured directly on the specimen using a 
multiXtens extensometer by Zwick/Roell. Prior to testing the sample edges were mechanical-
ly polished to remove surface roughness resulting from processing and cutting. The sample 
geometries used for the performed tests are specified in Fig. 3.3 and Tab. 3.3. Due to the limi-
tations of sample size after ECAP, the flat bar tension specimens were down-scaled. 
 
Figure 3.3: Schematic specimen geometry used for tensile tests. 
Table 3.3: Sample specifications according to the schematic shown in Fig. 3.3. n.s. denotes not specified as T 
was defined by the sheet thickness. 
specimen specification 
R  
(mm) 
Lg  
(mm) 
Ltotal 
(mm) 
W  
(mm) 
B  
(mm) 
T  
(mm) 
sheet (IMM) 20 44 106.6 5 12 n.s. 
sheet (IEHK) 10 30 109 6 20 n.s. 
ECAP (IMM) 1.5 3.56 12.06 1 4.8 1 
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The work-hardening rate  was calculated by derivative 
𝜃 =
𝑑𝜎
𝑑𝜀
                                                                                                                                                   (3.4) 
of the flow curve f where σ and ε denote true stress and true strain. A weighted, ap-
proximating, non-parametric, third degree spline function was applied on the flow curve to 
reduce artifacts from numerical differentiation and to smooth the work-hardening curve. 
The absorbed energy WV,ε within the specimens’ volume at a certain strain is described 
by the area under the flow curve or engineering stress strain curve until this strain is reached 
and can be calculated by 
 𝑊𝑉,𝜀1 = ∫ 𝜎𝑑𝜀
𝜀1
0
                                                                                                                                 (3.5)  
For a better comparability of different materials, the specific energy-absorption capacity per 
mass WM,ε can be calculated by dividing the absorbed energy by the density of the material ρ  
𝑊𝑀,𝜀 =
𝑊𝑉,𝜀
𝜌
                                                                                                                                          (3.6)  
The densities of Fe-17Mn-1.5Al-0.6C and of Fe-23Mn-1.5Al-0.3C were calculated to be 7.75 
and 7.76 g/cm³, respectively. For comparison a HCT780X AHSS with a density of 7.88 g/cm³ 
was used. 
3.3.3.3 Nakajima Testing 
Nakajima tests were carried out at the IEHK at room temperature to describe the form-
ability under multiaxial loading conditions and to determine the forming limit curves (FLC) 
following DIN EN ISO 12004-2. Due to the limited sheet dimensions of the investigated al-
loys, all samples were downscaled in order to perform FLC50 tests, where a punch with a 
diameter of 50 mm instead 100 mm is used. Also, due to the small amount and dimensions of 
the material, the samples had to be cut parallel to RD instead of TD. The sample geometry is 
given in Fig. 3.4 and the chosen web widths along with the mean values of two repeated tests 
for each geometry are summarized in Table 3.4. A universal sheet testing machine type 142-
40 built by Erichsen was used for the tests. The punch velocity was 1 mm/s and the sheet 
holder force was set to 200 kN to prevent slipping of the samples or material flow from out-
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side the clamping area. To avoid friction between the punch and the sample during the test, a 
lubrication system consisting of teflon foil, oil, and Mipolam foil was used and replaced for 
each test. Strain measurements were carried out using an Aramis 12M optical 3D deformation 
analysis system manufactured by GOM mbH. Image acquisition rate was set to 10 Hz and the 
local deformation resolution (facet size) was 1.0 mm². Due to the inhomogeneous deformation 
shown by the materials, the maximum major and minor strains before the onset of local neck-
ing were determined by a recently developed linear best-fit method suggested by Volk and 
Hora [110] and modified by Hotz et al. [111]. In this method, the temporal change of the 
thickness reduction rate is taken into account and thus, stable and unstable deformation areas 
independent of the position and shape of the crack can be identified. For this reason, a linear 
interpolation and regression of the thickness reduction rate based on equidistant measuring 
points (stages) was conducted and the intersection of the two linear slopes was defined as cri-
terion for the onset of local instability, as shown in Fig. 3.5. 
 
Figure 3.4: Sample geometry for Nakajima tests using a 50 mm diameter punch. Drawing is based on dog bone 
samples for a 100 mm diameter punch, as detailed in EN ISO 12004-2. 
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Table 3.4: Mean major and minor strain values for different web width adopted from the Nakajima tests for the 
Fe-17Mn-1.5Al-0.6C steel in comparison with the HCT780X steel. 
alloy, annealing  
parameters 
 
web width (mm) 
15 30 45 60 90 
Fe-17Mn-1.5Al-0.6C, 
900 °C, 30 min 
major strain (-) 0.58 0.56 0.50 0.44 0.36 
minor strain (-) -0.20 -0.11 -0.02 0.05 0.33 
Fe-17Mn-1.5Al-0.6C, 
550 °C, 10 min 
major strain (-) 0.20 0.12 0.12 - 0.07 
minor strain (-) 0.08 0.01 0.02 - 0.05 
HCT780X 
major strain (-) 0.34 0.31 0.27 - 0.36 
minor strain (-) 0.09 -0.02 0.03 - 0.33 
 
Figure 3.5: Example plot for the linear best-fit method suggested by Volk and Hora [110]. The intersection of the 
stable and unstable line fit of the thickness reduction rate indicates the onset of local necking. 
3.3.3.4 Deep Drawing Tests 
Deep drawing tests were performed to evaluate the formability and susceptibility to 
delayed fracture due to high residual stresses and stress gradients as a result of heterogeneous 
deformation. The tests were also carried out on the Erichsen sheet testing machine type 142-
40 but using a round rod-shaped punch with a diameter of 50 mm. The material was cut to 
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circular blanks with a diameter of 100 mm using water jet cutting. The punch velocity was set 
to 1 mm/s and the sheet holder force to control the material flow during the test was set to 
50 kN. To measure the earing effect, the relative height difference  was described as  
𝛿 =  
ℎ𝑚𝑎𝑥−ℎ𝑚𝑖𝑛
ℎ𝑚𝑒𝑎𝑛
                                                                                                                                     (3.7)  
where hmax, hmin, and hmean denote the minimum, maximum, and mean height of the cup [112]. 
 In addition, deep drawing experiments were also performed at the IBF using a cross-
shaped punch (Fig. 3.6). A Lauffer sheet testing machine type RA-250 with a punch velocity 
of 4.6 mm/s and a sheet holder force of 100 kN was used. Strain measurements and analysis 
were carried out as described in Section 3.3.3.3. 
 
Figure 3.6: Setup used for deep drawing tests using a cross die. Sheet dimensions are 140 mm x 140 mm. 
3.3.3.5 Axial Collapse Testing 
Axial collapse of a thin-walled tube under dynamic loading (i.e. drop-tower test) is 
considered to be a representative model for the evaluation of energy absorption of an alloy at 
near-service-conditions. The test parameters and specimen geometry were selected in accord-
ance to previous studies [113-115]. A dead weight of 253 kg was dropped from 2.0 m height 
3 Experimental   
 
37 
 
in order to facilitate 22 km/h impact velocity along the central axis of the crash box resulting 
in an impact energy of about 5 kJ. The crash box was fixed at the non-impact side, where the 
reaction force was measured by a load cell at a frequency of 20 kHz. The displacement of the 
dead weight was measured via laser sensor while the deformation process was recorded by a 
high-speed camera with a frame rate of 2000 fps. 
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4 Deformation Behavior during Cold Rolling 
The texture evolution of the three TWIP steels given in Tab. 3.1 was analyzed for cold 
rolling degrees in the range between 10% and 80% thickness reduction. Due to the very simi-
lar SFE values (25, 27, 29 mJ/m2), these alloys showed, except for small deviations, similar 
microstructure and texture evolutions (cf. Chapter 7 and Refs. [116-118]). Since the underly-
ing mechanisms that are responsible for the texture evolution during cold rolling are the same 
for these alloys, only the results of the Fe-28Mn-0.28C TWIP steel are presented in this chap-
ter. Furthermore, experimental results of this alloy were used as input data and for validation 
of VPSC-simulations presented in Section 4.2.  
4.1 Experimental Results 
4.1.1 Microstructure Evolution 
The XRD line diagram of the initial Fe-28Mn-0.3C TWIP steel after hot-rolling was 
found to be single phase austenite, as shown in Fig. 4.4. The microstructure after hot rolling 
consisted of globulitic grains with a mean diameter of ~22.1 µm (~18.3 µm including twin 
boundaries) including a small amount of 3 annealing twin boundaries (Fig. 4.1(a)). 
The microstructure evolution during cold rolling to reduction levels of 10-80% is 
shown in Figure 4.2. According to the observed microstructural features, the development can 
be subdivided into three stages: (I) In the first stage (10%-20% rolling reductions), grains 
were elongated along the rolling direction (Fig. 4.2(a) and (b)). Longitudinal features, such as 
slip bands or deformation bands, were already observed at the lowest rolling degree (10%) 
within the grains. EBSD mappings of the 10% and 20% deformed samples substantiated that 
only a small amount of these lines belong to twin boundaries and thus, most of them can be 
referred to as slip bands (Fig. 4.1(b) and (c)). The differentiation of these features into defor-
mation twins and slip lines is also evidenced by the misorientation profiles measured in grains 
with and without twins in the 20% cold-rolled sample, as shown in Fig. 4.1(e) and (f). These 
lamellar features appeared in two variants intersecting at an angle of 70o within a single grain 
indicating the activation of the primary and secondary slip systems. (II) During the second 
stage, i.e. 30%-50% rolling reductions, grains were further elongated and a wavy nature may 
be observed across the lamellar structure along the grain boundaries (Fig. 4.2(c)-(e)). At rol- 
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Figure 4.1: EBSD IQ mappings: (a) hot rolled, (b) 10% cold rolled, (c) 20% cold rolled, and (d) 30% cold rolled. 
Yellow lines denote ∑3 (60°<111>) grain boundaries. Point-to-point misorientation profiles corre-
sponding to (e) grain 1 and (f) 2 of the 20% cold-rolled sample. 
ling degrees of about 40%, localized strain concentration caused the formation of micro shear 
bands with an inclination of ~37° to the rolling plane. Figure 4.1(d) shows a severe increase 
of the twin density alignment along the RD and further grain elongation, as can also be seen 
in the optical micrographs in Fig. 4.2(c)-(e). (III) In the third stage (60%-80% rolling reduc-
tions), the lamellar twin-matrix structure became continuously aligned and shear bands were 
newly formed (Fig. 4.2(f)-(h)). Furthermore, with increasing rolling degree, coalescence of 
micro shear bands led to the formation of macro shear bands across several grains, thus a 
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Figure 4.2: Optical micrographs showing the microstructure of specimens after cold rolling: (a) 10%, (b) 20%, 
(c) 30%, (d) 40%, (e) 50%, (f) 60%, (g) 70%, and (f) 80%. 
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wavy-nature may be observed in Fig. 4.2(f)-(h). However, suitably oriented grains were not 
subjected to shear banding, but led to a river-like microstructure. Intersecting shear bands 
formed rhomboidal prisms evolving into lens-shaped areas with further thickness reduction. 
At 70%-80% rolling degree, severe grain fragmentation was additionally found. The observed 
microstructure features are consistent with findings by Donadille et al. [31], Lü et al. [59], and 
Hirsch et al. [30] in austenitic steel and high-Zn brass, respectively. During the process of 
cold rolling, a small fraction of deformation-induced ε-martensite was detected by EBSD 
(Fig. 4.3(a)-(c)) and XRD (Fig. 4.4). However, the ε-martensite fraction remained relatively 
low (< 10%) up to high rolling degrees. EBSD mappings presented in Fig. 4.1(b)-(d) show the 
evolution of twins with increasing degree of rolling, from 10% to 30%. In contrast to the 
warm-rolled (95% indexing rate) and 10-40% (88.5-64%) cold-rolled samples, higher rolling 
reduction led to a lower fraction of indexed points (≤ 55%); hence, EBSD maps of those sam-
ples could not be analyzed. The X-ray spectra in Figure 4.4 show presence of mainly austenit-
ic and seldom martensitic phase with increasing degree of reduction. Changes in the intensi-
ties of the peaks, including the disappearance of the (200)γ and (311)γ peaks, indicate the 
presence of texture variation in this material with increasing rolling deformation. 
 
Figure 4.3: EBSD mapping after 40% cold rolling: (a) bandcontrast (BC) and (b) phase mapping showing aus-
tenite (red), ε-martensite (blue), and unindexed points (white). 
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Figure 4.4: X-ray diffraction analysis of Fe-28Mn-0.28C in the hot-rolled (0%) and cold-rolled (10-80%) states. 
TEM BF images (Fig. 4.5(a) and (b)) show the formation of parallel slip bands within 
a selected grain after 10% cold rolling. After 60% cold rolling, apart from deformation bands 
(Fig. 4.5(c)), deformation twins were present in the microstructure (Fig. 4.5(d)). The corre-
sponding selected area diffraction (SAD) pattern has been presented in the inset in Fig. 4.5(e) 
and shows the [011] zone axis of austenite. Figure 4.5(f) shows proficiency of twins within 
the microstructure after 80% cold rolling. The observed micro twin bundles have a thickness 
of ~80-90 nm. These bundles consist of fine twins with a thickness of ~3-5 nm and a separa-
tion distance of 5-30 nm. The corresponding SAD pattern indicated the presence of a [011]γ 
zone axis of the austenite phase. In addition to deformation twins (Fig. 4.5(g)), formation of 
shear bands was observed within the same grain (Fig. 4.5(h)). 
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Figure 4.5: TEM BF micrographs of Fe-28Mn-0.28C after cold rolling: (a) and (b) 10%, (c) and (d) 60%, 
(e) SAD pattern of (d), (f)-(h) 80%. 
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4.1.2 Texture Evolution 
A schematic illustration of the main texture components observed in TWIP steels and 
the corresponding definitions of these components are given in Figure 2.11 and Table 2.1, 
respectively. Figure 4.6 illustrates the evolution of the texture of samples with cold-rolling 
reductions ranging from 0% to 80% by selected ODF sections (φ2=0°, φ2=45°, φ2=65°). The 
texture after hot rolling was found to be very weak, with a maximum intensity of 2.6 times 
random along the α-fiber (Fig. 4.6(a)). At the onset of cold rolling (10%), the S, Goss, Brass, 
and Copper (Cu) texture components began to develop. With increasing rolling reduction, at 
30% -50% deformation, there was considerable intensity of ~20 times (20 x) random at Brass 
orientation with an increasing scatter towards Goss (f(g)=9-14.5 x). Cu (f(g)=2-3 x) and 
S (f(g)=2-6 x) orientations were present as well at these stages. Furthermore, the Goss texture 
component revealed an increased scatter towards the Copper twin (CuT) position at 
strains ≥30%. At 60% rolling reduction, the position of the Brass orientation continuously 
shifted towards Goss. Additionally, a weak γ-fiber began to develop. With further defor-
mation, there was no remarkable change in the intensity of Goss and S orientation; however, 
the γ-fiber became more pronounced with an intensity of 4 times random after 80% reduction.  
 To elucidate comprehensively the texture evolution, the variation of intensity along 
different texture fibers was plotted in Figs. 4.7-4.9. Figure 4.7 shows that in the -fiber there 
was strong evolution of the Brass component up to 30% rolling reduction. This component 
was slightly shifted towards Goss and decreased in intensity up to a deformation degree of 
50%. At this, the Goss component revealed a constantly increasing intensity. With increasing 
degree of cold reduction (60%-70%), the maximum from the Brass component shifted to-
wards 1=0°-15o. The maximum intensity decreased gradually to nearly half of the previous 
one up to 70% cold reduction. After 80%, the intensity and the fiber profile were found to be 
similar to those found for 60% deformation level. The -fiber plot presented in Fig. 4.8 shows 
similar views with respect to the φ1=90° Goss component. This component increased in inten-
sity with increasing rolling reduction up to 50%. Afterward, its intensity decreased slightly up 
to 80%. An increase of the Cu component up to 20% cold rolling reduction was also ob-
served. At higher reduction levels, the intensity of this component decreased. Simultaneously, 
a spread from the Goss towards the CuT orientation between 50% to 80% rolling reduction is 
shown in Fig. 4.8, as mentioned previously. At higher cold-rolling degrees, e.g. at 80% defor- 
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Figure 4.6: Texture evolution during cold rolling in the range between 0% to 80% rolling reduction, φ2=0°, 
φ2=45°, and φ2=65° sections of the ODF (levels: 1, 2, 3, 4, 6, 8, 10, 13, 16, 20). 
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Figure 4.7: Variation of intensity along the α-fiber (<110>//ND). 
  
Figure 4.8: Variation of intensity along the τ-fiber (<110>//TD). 
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Figure 4.9: (a) Variation of intensity along the β-fiber and (b) position of the maximum intensity along the β-
fiber. 
mation level, the maxima of the CuT texture component moved towards the F orientation 
which is in agreement with Fig. 4.6. The evolution of the -fiber is shown in Fig. 4.9(a). It 
revealed a gradual increase in the intensity of the Brass component within deformation level 
of 10% to 30%, followed by a slight decrease in the range between 30%-50%. Beyond 60% 
cold rolling, there is a sudden drop to half of the intensity of 30% cold-rolled state after 70% 
cold rolling. However, after 80% cold rolling, there is some recovery of the intensity. The 
intensity of the Cu component decreased with increasing cold reduction (> 20%). Additional-
ly, the path of the -fiber is illustrated in Fig. 4.9(b); it can be noticed, that the maximum in-
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tensity of the φ2=90° position becomes continuously shifted from Brass towards Goss with 
increasing rolling degree and thus confirms the trend of the α-fiber in Fig. 4.7. 
The evolution of the volume fraction of the main texture components is presented in 
Fig. 4.10. Here, a spread of 15° around the ideal orientations was applied to calculate the vol-
ume fractions. It can be seen that Goss, Cu, S, and Brass orientations developed during the 
first stage of deformation (up to 20% cold rolling), with lower fraction of the randomly ori-
ented grains. However, with increasing cold reduction (up to 50%), the Cu and S texture 
components decreased drastically, whereas the Brass texture component remained at a high 
level. CuT and Goss texture components showed a sustained increase up to 14 vol.% and 
10 vol.% at 50% rolling reduction, respectively. After 60% cold reduction, the Goss texture 
component retained its volume fraction; however, the volume fractions of the main texture 
components decreased, especially Brass showed a sharp decline from 35 vol.% at 30% rolling 
reduction to 18 vol.% at 60% rolling reduction. This degradation was accompanied by a mod-
erate increase of the CuT orientation (10 vol.% at 50% reduction onwards) as well as a slight 
increase of randomly oriented grains up to 30 vol.% and a strong increase of the γ-fiber tex-
ture components (E+F) up to 12 vol.% at 80% reduction. 
 
Figure 4.10: Evolution of the volume fractions of the main texture components during cold rolling. 
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4.2 Simulation Results 
Based on the experimental results presented in Chapter 4, the texture evolution was 
simulated. Modeling and simulations were performed at the University of Wollongong by 
Dr. Ahmed A. Saleh and Dr. Azdiar A. Gazder using the VPSC model described in [119]. The 
setup used for the texture simulations is described in [120] and recapitulated in Appendix I.  
The VPSC-simulated φ2 = 0°, φ2 = 45°, and φ2 = 65° ODF sections for the various roll-
ing reductions and the texture indices are given in Fig. 4.11(i)-(o) and Tab. 4.1, respectively. 
For easier comparison, the experimental ODFs are shown again in Fig. 4.11(a)-(h) with the 
same color-coding as the simulated ODFs. The VPSC-simulated ODFs were generally in 
good correspondence with the experimental texture. The evenly distributed intensity along the 
α–fiber (extending from the Goss to Brass orientations) at 80% reduction was reasonably cap-
tured. The intensity of the Cu and S orientations diminished with increasing rolling reduction. 
Of greater interest is the prediction of the F orientation along the –fiber (Fig. 4.11(o)), which 
has never been obtained previously in any Brass-type texture simulations. However, a notice-
able difference between the simulated and experimental ODFs was the absence of the E com-
ponent in the simulated textures such that the predicted –fiber is discontinuous (Fig. 4.11(n) 
and (o)). 
For a quantitative assessment of the simulated textures, the evolution of the volume 
fractions of the main texture components as calculated from experimental and predicted ODFs 
are given in Fig. 4.12. For precise comparison the volume fractions were calculated using a 
spread of 10° around the ideal orientations. The VPSC model quantitatively captured the evo-
lutionary trends of the two major texture components Brass and Goss. The initially increasing 
and subsequently decreasing volume fractions of the Cu and S orientations were also reasona-
bly simulated. While a satisfactory correspondence is obtained for the volume fraction of the 
F orientation, the E orientation was expectedly underestimated due to the incomplete –fiber. 
Table 4.1. Texture indices (T) of the experimental and the VPSC-simulated textures. 
reduction (%) 0 10 20 30 40 50 60 80 
experimental 1.22 1.59 2.29 2.71 2.65 2.57 2.99 3.43 
VPSC – 1.33 1.49 1.73 1.94 2.17 2.39 3.12 
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Figure 4.11: φ2=0°, φ2=45°, φ2=65° sections of the ODF of the (a) initial hot-rolled texture, (b-h) experimental, 
and (i-o) VPSC-predicted textures after cold rolling reductions of (b) and (i) 10%, (c) and (j) 20%, 
(d) and (k) 30%, (e) and (l) 40%, (f) and (m) 50%, (g) and (n) 60%, and (h) and (o) 80%. Contour 
levels = 1x. 
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Figure 4.12: The (a) experimental and (b) VPSC-predicted variation in the volume fractions of the various tex-
ture components as a function of the true strain. 
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4.3 Discussion 
4.3.1 Relation between Microstructure and Texture Evolution 
The microstructure evolution during cold rolling in TWIP steels can be divided into 
three different stages. The observed microstructural features show an obvious relation to 
changes of the main components of the macro texture.  
In the early stages of cold rolling (10%-20%), the observed longitudinal features were 
identified as mainly slip lines (cf. Figs. 4.1 and 4.5). Mechanical twins occurred very seldom 
at these cold rolling degrees and were only observed in some suitably oriented grains 
(cf. Fig. 4.1). Therefore, this stage was found to be dominated by multiple planar slip that 
caused an increase of the S, Cu, and Brass components and led to a Copper-type rolling tex-
ture. 
In the second stage (30-50%), the increase in shear stress favored the initiation of de-
formation twins accompanied by the formation of twin-matrix lamellae (Fig. 4.1(d)). With the 
onset of severe twinning after 30% reduction, Goss and CuT texture components, which are 
an indication for deformation twinning [50, 61], show a continuous increase in intensity and 
volume fraction up to 50% rolling reduction (Figs. 4.8 and 4.10). The transition from stage I 
to stage II of deformation can also be considered as the beginning of the transition from Cop-
per-type to Brass-type texture due to the decrease of Cu and S and the simultaneous increase 
of Brass, Goss, and CuT texture components [121]. The continuous spread from Brass to-
wards Goss demonstrates also the competition of dislocation slip and deformation twinning. 
With increasing rolling reduction (≥ 30%), twin-matrix lamellae became reoriented and 
aligned with the rolling plane due to latent hardening caused by the twin boundaries, which 
led to dislocation glide parallel to the twin boundaries and overshooting on the {111} slip 
planes [31, 51]. As a consequence, the Schmid factor on these planes decreased towards zero. 
Additionally, slip on other slip systems was limited due to very short dislocation paths be-
tween parallel twin boundaries. This resulted in localized strain concentrations and hence, in 
the formation of micro shear bands after 40% cold reduction [30, 122]. 
At the beginning of the third stage (60%-80%), Goss and CuT texture components 
reached their maximum volume fractions at 60% rolling reduction. Therefore, this degree of 
deformation was characterized by the saturation of deformation twins in the microstructure. In 
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order to accommodate further deformation, the entire twin-matrix lamellae became aligned 
with the rolling plane and promoted further shear banding as described above. These process-
es were accompanied by the development of a weak γ-fiber, as shown in Fig. 4.6. As this fiber 
increased in intensity with further rolling up to 80%, it cannot only be related to the alignment 
of twin-matrix lamellae [31], but also to the process of shear banding, as reported by Weidner 
and Klimanek [55]. The origin of the γ-fiber is the deformation of twin-matrix lamellae by 
coplanar slip [123] leading to a rotation of the CuT component towards the F component, as 
shown in Fig. 4.8. Such a rotation was also reported by Asbeck and Mecking [124] in a 
{112}<111> Cu single crystal during rolling at 77 K. Apart from F, the E texture component 
develops and completes the formation of this fiber. 
The third stage was characterized by a strong decrease of the Brass component with a 
simultaneous strong increase of the E+F texture components and a slight increase of randomly 
oriented grains, respectively. This texture evolution is at variance with previous observations 
in low-SFE materials and TWIP steels. Usually, large degrees of deformation and thus, shear 
banding result in a sharpened texture with Brass and Goss being the most intensive compo-
nents [30, 31, 51, 61, 125]. By contrast, in the current study a weakening of the Brass compo-
nent was apparent due to alignment of twin-matrix lamellae with the rolling plane and to the 
formation of shear bands, which occurred at the expense of the Brass-oriented grains. The 
remaining grain fragments rotated during this process, which consequently led to a larger 
spread of orientations and thus a higher texture randomization (cf. Fig. 4.10), as was also ob-
served in Al-Mg alloys [126].  
Furthermore, the relatively weak Brass texture component observed in the investigated 
steel after 80% rolling reduction seemed to represent only an intermediate state of the Brass-
type texture evolution with increasing deformation. Similarly to the current results, in experi-
ments by Donadille et al. [31], the intensity of a Brass component in 316L stainless steel after 
70% deformation was relatively low. However, it substantially increased after 90% defor-
mation. Hirsch et al. [30], Duggan et al. [51], and Hutchinson et al. [52] found in 70/30 brass 
that a maximum volume fraction (of about 80%) of shear bands can only be achieved by roll-
ing reductions as high as 95%. These shear bands then become inoperative and do not con-
tribute to further deformation. At higher degrees of reduction, the deformation returns to more 
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homogeneous processes leading to a strong increase of the Brass texture component, that is 
thereafter in a stable state [52].  
In the present study, twin-matrix lamellae were still observed after 80% cold rolling as 
exemplarily shown in Fig. 4.5(f)-(h). From detailed studies on volume fraction of shear bands 
in the Fe-28Mn-0.28C TWIP steel, performed similar to [55], it was found that the volume 
fraction was between 1% and 2%, which indicated that shear band saturation was by far not 
yet achieved. This volume fraction corresponds to the level reached in CuZn28 after rolling 
degrees of 50% [55]. Therefore, the aforementioned homogeneous processes causing an in-
crease of the Brass component seemed not active at this deformation level.  
In order to better understand the mechanisms that contribute to the formation of the 
Brass-type texture with an additional γ-fiber in TWIP steels and to quantify the contribution 
of these mechanisms, VPSC simulations of the texture formation during cold rolling of the 
Fe-28Mn-0.28C TWIP steel were performed. The following findings were obtained from the 
simulations.  
(i) The importance of planar slip for the evolution of a Brass-type texture was evidenced 
by the successful prediction of this texture by using a tangent interaction scheme 
(which tends to a Sachs-type model), whereas secant (which tends to a Taylor-type 
model) and intermediate interaction schemes returned erroneous texture predictions 
(Fig. 4.13(a) and (b)). 
(ii) The heterogeneous character of the plastic deformation process and the activation of 
concurrent deformation mechanisms, e.g. multi-slip in grains with higher Schmid fac-
tors for slip and deformation twinning in grains with higher Schmid factors for twin-
ning, was observed by experiments and must be taken into account for correct texture 
prediction. Here, the influence of deformation twinning was considered by imposing 
strong non-coplanar latent hardening on the slip systems. Whereas simulations that 
consider multi-slip (isotropic hardening) only returned well the strong α-fiber but not 
the γ-fiber (Fig. 4.13(c)), simulations considering only latent hardening revealed a 
complete γ-fiber but only a weak α-fiber (Fig. 4.13(d)). That proved that the occur-
rence of both mechanisms, i.e. composite deformation pattern, is responsible for the 
texture formed in low-SFE materials, and thus, in TWIP steels. In addition, that re-
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vealed the connection between latent hardening due to the formation and rotation of 
twin-matrix lamellae and the development of the γ-fiber. In this regard, the formation 
of the γ-fiber can be viewed as an extreme effect of latent hardening [56]. 
(iii) Shear deformation played an important role during cold rolling. That was considered 
by including redundant shear, which is associated with the geometrical shape change 
(or the internal distortion of the rolled sheet) within the roll gap, in the velocity gradi-
ent tensor. Without consideration of redundant shear, the plane-strain compression 
state returned not only a higher intensity for the Brass as compared to the Goss texture 
component, but, more importantly, the Cu texture component was retained while the F 
component along the γ-fiber was absent. It can be expected that implementation that 
accounts for the shear strain associated with the formation of shear bands would fur-
ther improve the prediction of the γ-fiber. 
 
Figure 4.13: φ2=0°, φ2=45°, φ2=65° ODF sections obtained from the VPSC model at rolling reduction of 80% 
using (a) secant interaction scheme, (b) neff = 10 interaction scheme, (c) isotropic hardening only, 
(d) latent hardening only, and (e) plane–strain compression state without any shear. Contour lev-
els = 1x. 
4.3.2 Influence of SFE and Deformation Twins on Texture Evolution 
In an earlier study, Vercammen et al. [61] reported the formation of a texture with 
Brass being the main texture component in a Fe-30Mn-3Al-3Si TWIP steel with a SFE of 
40 mJ/m2. The same behavior was frequently observed in 316L stainless steel with an SFE 
of 64 mJ/m2 [31, 127-129]. In contrast to the aforementioned, the present Fe-28Mn-0.28C 
(a)
(c)
(b)
(d)
(e)
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steel had SFE value of about 27 mJ/m2. The lower SFE resulted in a lower critical resolved 
shear stress required for the initiation of deformation twinning and a higher contribution of 
twinning to the deformation process. It was already reported that similar to the present steel 
and in contrast to the medium SFE steels, in alloys with relatively low SFE , the Goss compo-
nent shows a higher intensity compared to the Brass component after medium and high de-
grees of deformation [59, 130] (cf. Figs. 4.7 and 4.10). In a recent publication, Saleh et al. 
[60] distinguished between slip and slip + twin regions through microtexture analysis in 
TWIP steel: the slip region showed mainly Brass texture component, whereas a strong Goss 
orientation dominated in the slip + twin regions. It can be, therefore, concluded that the pre-
vailing of the Goss texture component relates to the high content of deformation twins. This 
underlines the importance of the SFE and thus, of twinning for texture evolution.  
Furthermore, the impact of SFE on the development of the Goss component can be 
demonstrated by the comparison of the texture evolution in the Fe-28Mn-0.28C TWIP steel 
and the previously investigated Fe-22Mn-0.38C TRIP/TWIP steel [27] with SFE of about 
15 mJ/m2 [14] (Fig. 4.14). In contrast to the Fe-28Mn-0.28C TWIP, which formed below 10% 
of ε-martensite, more than 50% ε-martensite was obtained in the Fe-22Mn-0.38C TRIP/TWIP 
steel after 40% thickness reduction [95]. At 30% rolling reduction (the onset of severe twin-
ning in the present TWIP steel) both materials exhibit a similar variation of the intensity along 
both α- and τ-fibers (Fig. 4.14). Nevertheless, after 60% deformation (saturation of defor-
mation twins in the microstructure in the TWIP steel), the TRIP/TWIP steel showed a de-
crease of the Goss orientation intensity, whereas an increase of this component can be easily 
observed in the TWIP steel (Fig. 4.14(b)). Even though in the TRIP/TWIP steel deformation 
twinning was also observed [96], a martensitic transformation decreased the contribution of 
twinning to the deformation process and thus, reduced the volume fraction of twins compared 
to the TWIP steel. 
In summary, it can be concluded that the lower SFE facilitates the evolution of the 
Goss component due to the enhanced twin formation. However, when the SFE falls below a 
critical value near 20 mJ/m2, a martensitic phase transformation retards the Copper- to Brass-
type texture transition and suppresses the evolution of a strong Goss texture component due to 
considerably weakened twin formation. Additionally, the evolution of the {111} components 
E and F, that resulted from the severe alignment of twin-matrix lamellae with the rolling 
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plane, is also absent in TRIP/TWIP steels [127, 131]. It can be, therefore, said that the γ-fiber 
development reflects the importance of deformation twinning on the texture evolution in high-
manganese TWIP steels, as also corroborated by the simulation results. 
  
Figure 4.14: Comparison of Fe-28Mn-0.28C (TWIP) and Fe-22Mn-0.38C (TWIP/TRIP): variation of intensity 
along (a) α-fiber and (b) τ-fiber. 
 
0
4
8
12
16
0 10 20 30 40 50 60 70 80 90
f(
g
)
Φ [ ]
Fe-28Mn-0.28C 30%
Fe-22Mn-0.38C 30%
Fe-28Mn-0.28C 60%
Fe-22Mn-0.38C 60%
τ-fiber
<110>//TD
φ1=90 
φ2=45 
G
{011}
<100>
Cu
{112}
<111>
rotC
{001}
<110>
F
{111}
<112>
CuT
{552}
<115>
(b)
B
{011}
<211>
G
{001}
<100>
0
4
8
12
16
20
24
0 10 20 30 40 50 60 70 80 90
f(
g
)
φ1 [ ]
Fe-28Mn-0.28C 30%
Fe-22Mn-0.38C 30%
Fe-28Mn-0.28C 60%
Fe-22Mn-0.38C 60%
α-fiber
<110>//ND
Φ=45 
φ2=0 
rotG
{011}
<011>
(a)
4 Deformation Behavior during Cold Rolling    
 
58 
 
4.4 Conclusions 
In this chapter, the correlation between microstructure and texture evolution during cold 
rolling of TWIP steels with low SFE values of 25-29 mJ/m2 was studied and discussed on the 
basis of the results of an Fe-28Mn-0.28C steel. The following conclusions were drawn.  
 The main deformation mechanisms were dislocation slip and deformation twinning, 
and to a minor extend micro and macro shear banding. A low fraction of mechanically 
induced ε-martensite was formed during deformation. 
 The microstructural features occurred in three different stages: I (10%-20%): for-
mation of twin-matrix lamellae, slip lines, and grain elongation, II (30%-50%): in-
crease of the volume fraction of twins, alignment of twin-matrix lamellae with the 
rolling plane, and formation of micro shear bands, and III (60%-80%): further align-
ment of twins, evolution of a herring bone structure, and macro shear bands. 
 After the formation of a Copper-type texture in the first stage of deformation (10%-
20%), profuse twinning, starting at 30% rolling reduction, marked the beginning of the 
transition from Copper-type to Brass-type texture. This evolution was characterized by 
an increasing volume fraction of the Brass, Goss, and CuT texture components. High-
er degrees of deformation (60%-80%) resulted in the formation of a γ-fiber as a con-
sequence of latent hardening due to further formation and alignment of twin-matrix 
lamellae with the rolling plane and shear banding. 
 Shear banding on macro scale at 60% rolling reduction led to grain fragmentation. The 
observed texture randomization is assumed to be facilitated by grain fragmentation 
and re-orientation, mainly at the expense of the Brass orientation. 
 The relatively low SFE of about 25-29 mJ/m2 of the investigated TWIP steels played 
an important role in the texture evolution. Severe deformation twinning led to the for-
mation of Goss as the main texture component and facilitated the development of the 
γ-fiber. The comparative analysis revealed that in Fe-Mn-C alloys with lower SFE 
values (< 20 mJ/m2) the observed formation of the Goss texture component is sup-
pressed due to a martensitic phase transformation.  
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5 Annealing Behavior of Cold-Rolled TWIP Steel 
In this chapter, the annealing behavior of the cold-rolled Fe-28Mn-0.28C TWIP steel 
described in Chapter 4 is discussed based on experimental and computer simulation results. In 
the experimental part, the focus was put on the correlation between microstructure and texture 
evolution after 30% cold rolling. The influence of higher cold rolling degrees, i.e. 50% and 
80%, on the recrystallization behavior was also briefly discussed. 
In the simulation part, the aim was to perform simulations close to experiments and 
therefore, the models were fed with real data. For this reason, a parallel 3D Cellular Automa-
ton (CA) (on the basis of the CA used in [94, 132, 133]) and comprehensive experimental 
characterization were combined. The preceding deformation of 30% thickness reduction by 
cold rolling was simulated using the DAMASK code developed by Roters et al. at the Max-
Planck-Institut für Eisenforschung GmbH (MPIE) [134, 135] and Steinmetz et al. [136], 
which was proven to predict with excellent accuracy the work-hardening behavior of TWIP 
steels. Both models used are described in Appendix II and III, respectively. The CP-FEM 
simulations were performed by Dr. Su Leen Wong and PD Dr. Franz Roters at MPIE, where-
as the CA simulations were performed by Dipl.-Ing. Markus Kühbach at IMM.  
In the simulation study, the cold rolling degree was restricted to 30% to avoid the com-
plications of shear banding at higher strains on the modeling of the deformed structure, so that 
only the dislocation density variation contributed to the microstructural inhomogeneity. How-
ever, the essential deformation texture components already develop at relatively low degrees 
of deformation (cf. Figs. 4.6 and 4.10), so that the rolling texture can be accounted for in the 
CA simulations. From the CP-FEM simulations, grain orientations and dislocation densities 
were obtained and input into the CA. Nucleation phenomena and microstructure evolution 
during recrystallization were characterized by experimental methods and served as the basis 
for both the initial CA setup and the final critical assessment. 
5.1 Experimentally Observed Microstructure and Texture 
5.1.1 The 30% Cold-Rolled State 
As described in Chapter 4, the 30% cold-rolled state marked the beginning of stage II 
of the microstructure evolution. After 30% thickness reduction by rolling, the grains were 
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observed to be elongated along RD and contained a high fraction of slip bands and defor-
mation twins, which indicated dislocation glide and deformation twinning as the dominant 
deformation mechanisms. Shear banding was not observed at this stage. At this degree of de-
formation, the macrotexture was already found to be in the transition stage from a Copper-
type to a Brass-type texture with CuT, Goss, S, and Brass being the dominant texture compo-
nents (cf. Section 4.3.1). 
5.1.2 Microstructure and Texture Evolution during Annealing 
5.1.2.1 Macrotexture Evolution 
The texture evolution during annealing is indicated by the ODFs and the correspond-
ing volume fractions of the main texture components (Figs. 5.1 and 5.2, respectively). During 
recrystallization the main texture components that were formed during deformation were re-
tained but decreased in volume fraction. This decrease was accompanied by an overall weak-
ening of the texture, as indicated by the constantly decreased texture index (T) and the in-
creased volume fraction of randomly oriented grains. This formation of a weak retained roll-
ing texture during recrystallization has been commonly reported for TWIP steels [58, 60, 90, 
97] and other low SFE materials subjected to low and medium rolling degrees [31, 92]. Addi-
tionally, a weak Cube texture component, a complete extension of the α-fiber and a weak 
complete fiber at (0°-90°, 60°, 45°) were formed.  
5.1.2.2 Correlation between Annealing Microstructure/Microtexture and Macrotexture 
In order to understand the macrotexture evolution during recrystallization in the inves-
tigated Fe-28Mn-0.28C TWIP steel, the microstructure and microtexture were analyzed in 
detail. For this, the scale was successively increased from single nuclei at particular nuclea-
tion sites (Fig. 5.3) over clusters or necklaces of nuclei (Fig. 5.4) up to extended nuclei spec-
tra (Figs. 5.5 and 5.6). 
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Figure 5.1: Experimental macrotexture evolution of the investigated Fe-28Mn-0.28C steel during recrystalliza-
tion after (a) 30% cold rolling and (b)-(g) cold rolling and annealing at 700 °C for (b) 120 s, (c) 
140 s, (d) 150 s, (e) 200 s, (f) 300 s, and (g) 900 s, ODF sections at φ2=0° and φ2=45°. X and T indi-
cate the recrystallized volume fraction and the texture index, respectively. 
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Figure 5.2: Experimentally determined evolution of the volume fractions of the main texture components during 
recrystallization.  
Nucleation in the 30% cold-rolled specimens was found to occur mainly in the vicinity 
of prior high-angle grain boundaries and triple junctions (see Figs. 5.3(a), 5.4, 5.5, and 5.6) 
and also, although very scarcely, in the grain interior, for example at intersections of slip-
bands and deformation twin bundles (Fig. 5.3(b)), i.e. in areas of high localized strain and 
strong orientation gradients. Nucleation at shear bands was only observed after deformation 
with thickness reduction higher than 50% (cf. Section 5.1.3 and [137]). 
In general, the nucleus orientation must already be present in the deformed structure 
and only twinning during the recovery, recrystallization or grain growth stages can lead to the 
development of new orientations [71, 72]. This statement also holds for the nuclei observed in 
Fig. 5.3. The grain boundary nucleus in Figure 5.3(a) had developed most likely from a sub-
grain or dislocation cell in the upper grain as evidenced by the low-angle disorientation rela-
tionship that it shared with the upper grain. In contrast, the high-angle disorientation to the 
lower grain suggests the presence of a high-angle grain boundary that allows the nucleus to 
grow preferentially into the lower grain. The character of this mechanism is closely related to 
local grain boundary bulging, which is known as strain-induced grain boundary migration 
(SIBM) [72]. The grain boundary nucleus as well as the nuclei in the grain interior in 
Fig. 5.3(b) retained the orientation of the deformed matrix grain. In this case, the nuclei for- 
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Figure 5.3: EBSD bandcontrast (BC) mappings showing nucleation at (a) a grain boundary and (b) intersections 
of slip bands and deformation-twin bundles. Red and blue lines in (b) denote ∑3 (60°<111>) and 
∑9 (38.9°<101>) grain boundaries, respectively. The nuclei were formed with orientations slightly 
misoriented to the deformed matrix in both cases (a) and (b). The inset in (a) shows a single nucleus 
at a grain boundary including the misorientation angle Θ between the nucleus and the two neighbor-
ing deformed grains. The orientation relationship between the deformed grain in (b) and the nuclei 
formed inside is indicated by the corresponding microtexture ODF sections where green arrows re-
late to first order (∑3) and red arrows to second order (∑9) twin orientation relation. 
med with the orientation of the deformation twins since the nuclei developed at intersections 
of twin bundles and slip bands. In particular, the nuclei formed with an orientation close to the 
S texture component. In addition, first order and second order annealing twins were found 
inside the nuclei. The corresponding orientation changes are also highlighted in the ODF sec-
tions (Fig. 5.3(b)). It should be mentioned that annealing twins were already present at the 
earliest stages of recrystallization. Since the investigation of the microstructure evolution dur-
ing recovery annealing in the Fe-23Mn-1.5Al-0.3C TWIP steel (Chapter 7) did not reveal 
recovery twins, the annealing twins formed in the Fe-28Mn-0.3C steel were considered as 
5 Annealing Behavior of Cold-Rolled TWIP Steel   
 
64 
 
recrystallization twins. That is important because in α-brass the nuclei were found to be relat-
ed to the recovery twins [138], whereas in the investigated TWIP steel the recrystallization 
twins were assumed to be formed during or after the original nucleation process. 
The nucleation mechanism described for the single nucleus in Figure 5.3(a) also held 
for the necklace shown in Fig. 5.4. It is evident that the orientations of both neighboring de-
formed grains, i.e. the near α-fiber orientation of grain 1 and the Brass orientation of grain 2, 
are retained by the nuclei (see the blue arrows in the ODF sections of the deformed and RX 
grains). This proves that the nucleation is strongly affected by the local strain and orientation 
gradients. Furthermore, first order recrystallization twins were formed in the necklace leading 
to the development of new orientations with ∑3-orientation relationship to the nucleus (green 
arrows in the ODF sections in Fig. 5.4). 
 
Figure 5.4: EBSD BC mapping of the material after annealing at 700 °C for 130 s (X = 27%). Red and blue lines 
denote ∑3 (60°<111>) and ∑9 (38.9°<101>) grain boundaries, respectively. The inset shows a nu-
clei necklace at the grain boundary between the deformed grains 1 and 2. The corresponding micro-
texture ODF sections reveal the orientation relation between deformed matrix and nuclei. The nuclei 
retained the orientations of the deformed grains (blue arrows), whereas annealing twinning led to 
additional texture components (green arrows). 
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Figure 5.5: EBSD IPF mappings (a-c) of the material after annealing at 700 °C for 130 s (X = 27%). In (b) and 
(c) the mapping of (a) was subdivided into (b) non-RX and (c) RX grains. Corresponding microtex-
ture ODF sections (d)-(f) of (d) all grains, (e) non-RX-grains, (f) and RX grains. The color-coding 
refers to directions parallel to ND. 
On a larger scale, the heterogeneous character of the nucleation process on grain 
boundaries and triple junctions in the Fe-28Mn-0.28C TWIP steel is shown in the inverse pole 
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figure (IPF) EBSD mapping in Fig. 5.5. Based on the in-grain misorientation (using the 
GROD-AO value) the mapping shown in (a) was decomposed into only deformed and only 
RX grains in (b) and (c), respectively. Due to the comparatively low recrystallized volume 
fraction of about 27%, the overall texture (Fig. 5.5(d)) was mainly dominated by the texture 
of the deformed grains (Fig. 5.5(e)). Both the micro- and macrotexture (Fig. 5.1(a)) compared 
reasonably well. The texture of the nuclei spectrum was characterized by basically the same 
texture components as the non-recrystallized grains but had a considerably lower intensity and 
showed significant orientation spread (Fig. 5.5(f)). 
Evidently, the nucleation process was characterized by a spatially heterogeneous dis-
tribution of nuclei (Figs. 5.4 and 5.5). The influence of this heterogeneity on the final recrys-
tallized microstructure was investigated via quasi in-situ EBSD studies. The results are shown 
in Fig. 5.6. Due to the preferred nucleation at grain boundaries and triple junctions, the micro-
structure consisted of areas of high nuclei density at the grain boundaries and comparatively 
large areas inside the deformed grains that remained unrecrystallized (Fig. 5.6(a)-(c)). As a 
consequence, early impingement of nuclei occurred in the areas of high nuclei density. Due to 
this early impingement of competitively growing nuclei at the boundaries their further growth 
was restricted and facilitated a small final grain size in these areas (areas encircled in white in 
Fig. 5.6(b) and (f)). By contrast, some larger grains remained practically unrecrystallized even 
at prolonged annealing time. Therefore, complete recrystallization was prevented; presumably 
due to the low stored energy of these grains (see Fig. 5.6(d)-(f)). In contrast to areas of high 
initial nuclei density, these areas of low stored energy facilitated the topologically unrestricted 
growth of a few nuclei (e.g. the area encircled in black in Fig. 5.6(f)). The corresponding mi-
crotexture evolution is shown in Fig. 5.6(g)-(l), indicating again the formation of a weak re-
crystallization texture. The character of the microtexture was only slightly modified during 
nuclei growth. 
On the basis of the microstructure and microtexture the macrotexture evolution can be 
understood as follows. Nucleation at grain boundaries and triple junctions retained the orien-
tations of the deformed grains (Figs. 3 and 4). Recrystallization twinning accounted for fur-
ther texture modifications. In contrast to previous studies in which higher order twin chains 
were observed [87, 139, 140], only first and second order twins were detected in the investi-
gated TWIP steel. In the fully recrystallized state the fractions of grain boundaries with ∑3- 
and ∑9-orientation relationships were 25% and 2%, respectively. Hence, texture modification  
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Figure 5.6: Quasi in-situ EBSD BC mappings overlain with IPF mappings of the material with a recrystallized 
volume fraction of (a) 23%, (b) 35%, (c) 57%, (d) 74%, (e) 77%, and (f) 94%. The corresponding 
microtexture ODF sections (g)-(l) of the RX grains in (a)–(f) (levels: 1.0, 2.0, 3.0, 4.0, 5.0, 6.0 times 
random, respectively). The color-coding is the same as in Figure 5.5. See text for explanation of the 
areas encircles in white and black. 
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Figure 5.7: Orientations of first order twins (60°<111> orientation relation) with respect to the matrix texture 
components (a) Goss, (b) Goss/Brass, (c) Brass, and (d) P. 
was mainly generated by first order recrystallization twins. In contrast to high-SFE materials, 
low-SFE materials form pronounced α-fiber texture components during cold rolling. As the 
described nucleation mechanism led to retained rolling texture components, twinning in the 
new grains must result in new texture components having a first order twin relation to the 
rolling texture components. The possible orientations evolving due to twinning of the α-fiber 
texture components Goss, Goss/Brass, Brass, and P were computed (Fig. 5.7). Evidently, first 
order twins of the Goss, Goss/Brass and Brass orientations facilitate, on the one hand, the 
formation of a complete α-fiber by strengthening the A, P, and RtG texture components. On 
the other hand, a fiber parallel to the α-fiber located at (0°-90°, 60°, 45°) develops. When 
comparing the calculated twin orientations (Fig. 5.7) and the experimental macrotexture evo-
lution (Figs. 5.1 and 5.2), it was found that indeed both fibers were formed. This also points 
out that no significantly preferred selection of twin variants occurred in the material. This 
indicates recrystallization twinning in Goss-, Goss/Brass-, and Brass-oriented nuclei to be the 
cause for a decrease of the volume fractions of the respective texture components during re-
crystallization, whereas a weak RtG texture component evolved. By contrast, the volume frac-
tion of the P texture component remained constant, most probably due to the compensation of 
weakening as a result of twinning of P as well as strengthening as a result of twinning of 
Goss, Goss/Brass, and Brass. It is noted that the Goss/Brass orientation does not share a first 
order twin orientation relation with P but with A. However, the proximity of both P and A 
components in orientation space (disorientation 5°) makes them practically indistinguishable. 
5 Annealing Behavior of Cold-Rolled TWIP Steel   
 
69 
 
Recrystallization twinning was not restricted to α-fiber texture components, but occurred in 
nuclei of all orientations resulting in a wide spectrum of new orientations and thus, in an 
overall weakening of the texture [86, 87, 90], as evident from the constantly increased and 
generally high volume fraction of randomly oriented grains (Fig. 5.2). 
5.1.3 Influence of Cold Rolling Degree on Annealing Behavior 
In order to analyze the influence of the initial cold rolling degree on the annealing be-
havior of the Fe-28Mn-0.28C TWIP steel, the 50% and 80% cold-rolled specimens were also 
subjected to heat treatments at 700 °C. After deformation, the 50% cold-rolled sample re-
vealed reoriented twin-matrix lamellae that aligned with the rolling plane. As a consequence, 
first shear bands occurred at this deformation degree and marked the end of stage II of micro-
structure and texture evolution. The 80% cold-rolled material was characterized by further 
shear banding and an additional complete γ-fiber was formed in the texture. 
As a consequence of the increased rolling degree, the grain size and the recrystalliza-
tion time required for complete recrystallization decreased. After recrystallization of the 30%, 
50%, and 80% cold-rolled materials, grain sizes of 14 µm, 6.6µm, and 1 µm were obtained 
after 15 min, 140s, and 45s, respectively. The influence of the initial rolling degree on the 
volume fractions of the main texture components is illustrated in Fig. 5.8. The higher the ini-
tial rolling degree, the higher was the volume fraction of the α-fiber texture components. On 
the other hand, the volume fractions of randomly oriented grains and of Cube-oriented grains 
decreased. Furthermore, the γ-fiber texture components E and F, which were prominent after 
80% cold rolling, disappeared almost completely during recrystallization. 
In contrast to the 30% cold-rolled material, nucleation of new recrystallized grains oc-
curred not only at grain boundaries but also at shear bands after 50% thickness reduction by 
cold rolling (cf. Fig. 5.9(a)). The EBSD mapping in Figure 5.9 shows the 50% deformed spec-
imen after annealing to a recrystallized volume fraction of 6%. Due to this low recrystallized 
fraction the overall microtexture (Fig. 5.9 (d)) was dominated by the texture of the deformed 
grains (Fig. 5.9(e)). As well as after 30% cold rolling, the microtexture of all recrystallized 
grains returned a weak retained rolling texture (cf. Fig. 5.9(f)). By contrast, the nuclei formed 
at prior shear bands obtained a more pronounced rolling texture that was dominated by strong 
Goss, Goss/Brass, and Brass orientations (Fig. 5.9(g)). Although the volume fraction of shear 
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Figure 5.8: Volume fractions of the main texture components before (red) and after (blue) recrystallization of the 
30%, 50%, and 80% cold-rolled material. 
 
Figure 5.9: EBSD BC mapping after annealing of the 50% cold-rolled material (X=6%): (a) complete mapping, 
(b) all recrystallization nuclei, (c) recrystallization nuclei formed at shear bands. (d)-(g) φ2=0° ODF 
sections of the complete mapping (d), deformed grains (e), all recrystallization nuclei (f), and recrys-
tallization nuclei formed at shear bands (g). 
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bands was relatively limited in the investigated Fe-28Mn-0.3C steel, preferred nucleation at 
these sites facilitated the formation of α-fiber texture components during recrystallization. 
That is consistent with findings by Donadille et al. [31], who reported preferred nucleation of 
close to Goss-oriented grains in shear bands in a 316L stainless steel. Due to the increased 
contribution of shear banding during cold rolling up to 80%, the aforementioned effects were 
enhanced and caused the increased volume fractions of the α-fiber texture components with 
increasing prior cold rolling degree. As a consequence, the volume fraction of randomly ori-
ented grains decreased. 
Figure 5.10 shows the EBSD mappings of the 80% cold-rolled material annealed to 
recrystallized volume fractions of 7% (a) and 80% (d). As expected from the macrotexture, 
the recrystallization nuclei were preferably formed with Goss, Goss/Brass, and Brass orienta-
tions (Fig. 5.10(c)) and resulted in a weak complete α-fiber (Fig. 5.10(f)). More importantly, 
deformed grains with E and F orientations remained unrecrystallized up to high recrystallized 
volume fractions (Fig. 5.10(e)), most probably due to a low stored energy of these grains. 
Therefore, nucleation of recrystallized grains with E and F orientations was not preferred, 
which in turn explains the absence of these orientations after complete recrystallization. 
Finally, it is stressed that the {236}<385> recrystallized Brass texture component, 
which is formed in highly deformed low-SFE alloys after recrystallization [83] was not ob-
served, neither in the Fe-28Mn-0.3C nor in the other TWIP steels investigated. As discussed 
in Section 4.3.1, the maximum rolling degree of 80% was not sufficient to form a pronounced 
Brass-type texture with a high volume fraction of shear bands, as observed in 95% deformed 
70/30 brass [30, 51, 52]. However, a retained rolling texture was also observed in 70/30 brass 
[92] and in other low-SFE steels [31, 89, 95] after moderate deformation. Therefore, it can be 
expected that the preconditions, either a strong Brass texture component or a high volume 
fraction of shear bands, required for the formation of the recrystallized Brass texture were not 
met in the Fe-28Mn-0.28C TWIP steel. 
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Figure 5.10: EBSD BC mappings after annealing of the 80% cold-rolled material: (a) X=7% and (d) X=80%. (b), 
(c) and (e), (f) φ2=45° ODF sections of the deformed grains (b) and (e) and of the recrystallization 
nuclei (c) and (f) of the specimens with X=7% (b) and (c) and with X=80% (e) and (f). Red and blue 
lines in (d) denote ∑3 (60°<111>) and ∑9 (38.9°<101>) grain boundaries, respectively. 
5.2 Results of Computer Simulations 
5.2.1 Critical Issues 
For a simulation of the recrystallization it is necessary to predict the response of a ma-
terial to plastic deformation and heat treatment. For this purpose, as described in Appendices 
II and III, a CP-FEM model and a CA were utilized, respectively. The combination with ex-
periments allows both the use of real microstructure information and the validation of the ac-
curacy of the models. Four main ingredients were identified that had to be accounted for in 
any quantitative recrystallization microstructure evolution model: (i) the grain size distribu-
tion in the deformed state, (ii) the local plastic deformation, i.e. strain and orientation grad- 
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Figure 5.11: Synthesized deformation microstructures with (a) & (b) uniform size and (c) & (d) non-uniform 
grain size. Shown are (a) & (c) the RD-ND and (b) & (d) the ND-TD sections. The color-coding re-
fers to directions parallel to ND. 
ients, which define the nucleation criteria, (iii) the spatial distribution of nucleation sites, and 
(iv) recrystallization twinning. With respect to aspect (i) two different deformation micro-
structures were synthesized, one with uniform grain size and another with grains having a 
non-uniform grain size. Both cases rendered different grain boundary topologies, as illustrated 
in Fig. 5.11. In addition, homogeneous nucleation in the bulk and heterogeneous nucleation at 
grain boundaries were considered. Owing to the lack of a detailed description of heterogene-
ous deformation microstructures [141] and of recrystallization twinning [142-144] nucleation 
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was simplified in such a way that the bulk nucleus density was determined from large area 
EBSD data, whereas the distribution of nuclei on grain boundaries was derived from the mean 
dislocation densities of the neighboring grains. Annealing twinning was accounted for since 
the sampled nucleation texture also included the twin orientations. 
5.2.2 Deformed State 
The deformation by cold rolling prior to recrystallization was simulated using the CP-
FEM setup described in Appendix II. Since the orientation-dependent dislocation density after 
cold rolling is one main factor that determines recrystallization kinetics, a precise simulation 
of the strain-hardening behavior of the Fe-28Mn-0.28C TWIP steel is an indispensable pre-
requisite for the use of realistic driving forces. Figure 5.12 confirms good agreement between 
experimental and simulated flow curves of the material during uniaxial compression testing. 
With this information the deformation behavior of the material was then simulated for plane-
strain compression. The calculated orientation-dependent dislocation density distributions1 
(Fig. 5.13) ranged from 8 x 1013 m-2 to 2 x 1015 m-2. Goss- and Brass-oriented grains accumu-
lated the lowest and highest densities, respectively. Furthermore, the simulated texture after 
30% cold rolling compared well with the experimental texture (Fig. 5.18), although the β-
fiber texture components Copper and S were slightly overestimated, whereas CuT, Brass, and 
P were slightly underestimated. 
5.2.3 Recrystallization Behavior 
Figure 5.14 compares the simulated kinetics of recrystallization with different initial 
microstructures and spatial nuclei distributions with the experimentally obtained kinetics. The 
incubation time depended on annealing temperature and was similar for all investigated nu-
cleation scenarios. After this initiation phase, the recrystallized volume fraction increased fast. 
Similar to the experimental results, the kinetics were observed to slow down significantly 
after approximately half of the deformed microstructure had been transformed (Fig. 5.14). In 
essence, the simulated kinetics agreed well with the experiments although no recovery was 
considered.  
A comparison of simulation with different nucleation conditions revealed that up to a 
recrystallized volume fraction of 35% the predicted kinetics remained practically the same.  
                                                 
1 The constitutive model used treated all dislocations as edge dislocations. 
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Fig. 5.12: Experimental (line) and simulated (symbols) true stress-true strain curves of the investigated Fe-
28Mn-0.28C TWIP steel for uniaxial compression (triangles) and plane strain compression (squares). 
 
Figure 5.13: Dislocation density distributions in the synthesized deformation microstructure as a function of 
selected texture components. All subfigures use the same frequency scaling as depicted for the 
random component. 
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Figure 5.14: Comparison between experimental and simulated recrystallization kinetics. 
However, the progressive retardation of the transformation rate, as observed in experiments, 
was much better reflected in the simulations in which heterogeneous nucleation at grain 
boundaries was assumed as compared to homogeneous nucleation in the bulk. 
An extension of the classical JMAK theory [73-77] to include heterogeneous nuclea-
tion was introduced by Cahn [145] and by Villa and Rios [146]. The rate laws derived by 
Cahn already suggested a decreasing Avrami exponent and thus, an effective retardation of 
the recrystallization kinetics due to an early and selective impingement as a consequence of 
heterogeneous nucleation. This trend has been confirmed by several experimental and theoret-
ical studies, e.g. [147-149]. However, as the Avrami exponent is as well affected by the heter-
ogeneity of stored energy in the system, it cannot be utilized as a unique measure for spatial 
heterogeneity of the nucleation process. In this regard, spatial distribution functions, such as 
the nearest neighbor distribution function G or Ripley K [150], allow to identify more detailed 
deviations from a homogeneous spatial arrangement of the nuclei. This arrangement was 
characterized by evaluating the nearest neighbor distribution function G for nucleation sites, 
in particular 2D sections, which were sampled from the representative volume element. These 
sections had a thickness of two cells and were chosen such as to cut the simulation domain in 
parallel along the transverse direction, specifically in the RD-TD plane at ND=0.5. All nu-
cleation sites which were located in this slice formed a quasi-2D point arrangement, for which 
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G was calculated. In order to avoid edge effects, the Kaplan-Meier [151] border-correction 
was applied [152, 153]. The calculated G functions are contrasted in Fig 5.15 with the ex-
pected values from a 2D Poisson point process with the same planar point density, as repre-
sented by the corresponding scatter bands. Of course, in both setups where nucleation took 
place at grain boundaries the G function deviated significantly from those expected for ran-
dom bulk nucleation. Due to clustering at triple junctions and necklaces of nuclei at grain 
boundaries, the probability of a nucleus to face another nucleus within a given radius is high-
er, causing an earlier impingement of nuclei during nucleus growth. These results are in 
agreement with earlier theoretical CA-based studies by Goetz and Seetharaman [154] and 
Rios et al. [155], although the systems analyzed were considerably smaller and strictly theo-
retical in those studies. Since a higher degree of early clustering of nuclei causes a retardation 
of recrystallization kinetics, this indicates that careful consideration of the heterogeneous nu-
cleation is necessary for a realistic simulation of recrystallization in this particular steel.  
 
Figure 5.15: 2D nearest neighbor distribution function G as calculated for nucleation at the boundaries of two 
different grain geometries and the case of homogeneous random nucleation in the bulk (blue). 
Each number indicates the amount of nuclei located in the section plane. The two scatter bands, 
i.e. the green and the gray, respectively, serve to frame the result that was obtained when the nuclei 
(7144 for the green, and 2732 for the gray) were distributed randomly in the sectioning plane. 
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The microstructure evolution during recrystallization is shown in Figure 5.16 for grain 
boundary nucleation and random nucleation in the bulk. The best agreement between the ex-
perimentally observed and simulated microstructure morphology was obtained for grain 
boundary nucleation and a microstructure with grains having non-uniform grain sizes 
(Fig. 5.16(b)). In contrast to microstructures which developed from cuboidal grains with uni-
form grain size (Fig. 5.16(a)), the morphology of nuclei clusters at grain boundaries as well as 
the shape and arrangement of recrystallized grains at 25% and 50% recrystallized volume 
fraction agreed much better with experimental observations if a non-uniform grain size was 
used in the simulations (Fig. 5.16(b)). 
 
Figure 5.16: Simulated microstructure evolution when imposing (a) & (b) grain boundary nucleation and 
(c) & (d) random bulk nucleation in microstructures with (a) & (c) uniform grain size and (b) & (d) 
a non-uniform grain size. The color-coding is the same as in Figure 5.11. 
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  At almost complete recrystallization, some larger areas remained unrecrystallized in 
the simulated microstructures under all applied simulation conditions. These areas were iden-
tified as being of low stored energy. This was also reflected in the experimental microstruc-
tures (see Fig. 5.6), and attributed to grains with initially low stored energy and/or local nu-
cleation density. The influence of grain-dependent, non-uniformly stored energy during plas-
tic deformation on the recrystallization kinetics was already investigated by simulations of 
Rollett et al. [156] and Hesselbarth et al. [157]. After an initially high recrystallization rate, 
the recrystallization kinetics of grains with low stored energy slow down the transformation 
process and control the overall kinetics as soon as impingement of the nuclei occurs in re-
gions of high stored energy. In the current study, this behavior was reflected by both the mi-
crostructure evolution and the recrystallization kinetics. It should be stressed though that the 
experimental data (e.g. Fig. 5.3(a)) suggests an even stronger heterogeneity in the distribution 
of nucleation sites owing to a potentially even broader size distribution of the deformed 
grains.  
It is mentioned again that recovery was not considered in this study. Lü et al. [97] re-
ported a decrease of the growth rate of grains in the course of recrystallization of another 
TRIP/TWIP steel and interpreted this information as the effect of concurrent recovery. In 
view of the current study, the observed phenomena might also be due to a large gradient of 
stored energy in the deformed structure. In fact, both the incubation time and the kinetics 
were well reproduced under the simulation conditions applied in this study, without taking 
recovery into account. The same trend was observed in an additional study, not reported here, 
where higher degrees of initial deformation (50%) were considered.  
The normalized grain size distributions at a recrystallized volume fraction of 95% as 
measured from grains without open surfaces is shown in Fig. 5.17. Apparently, the distribu-
tions are multimodal for all the performed simulations. Some nuclei with very low growth 
rate remained smaller than average, whereas the nuclei with highly mobile boundaries grew 
larger, preferably in regions of low nuclei density. Due to the faster impingement of nuclei in 
necklace structures than in arrangements with random spatial distribution, their grain size dis-
tributions were slightly shifted towards lower mean values. Furthermore, simulations with 
grains of non-uniform size developed slightly larger median values than simulations with uni-
form grain sizes after deformation. In the case of nucleation at grain boundaries a mean grain 
diameter of 12.5 µm was obtained if a non-uniform grain size was assumed. This value 
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matched very well with the mean experimental value of 14 µm, which indicated that the initial 
nuclei density was accurately determined by EBSD. The distribution used for simulations 
exhibited less scatter than the experimental distribution after hot and cold rolling. As a conse-
quence, very large grains (Figs. 5.5 and 5.6) were not present in the simulated microstructure. 
But especially these grains, if comprising a low stored energy, can further retard the recrystal-
lization kinetics at high degrees of volume recrystallized and affect the final grain size distri-
bution by effectively separating the necklaces farther apart. These findings corroborate again 
that a consideration of the initial grain size distribution is a key factor for a precise prediction 
of microstructure evolution and recrystallization kinetics. For this purpose, it is necessary to 
also accurately reproduce the size distribution in the deformation simulations and consequent-
ly to transfer the data into the CA.  
 
Figure 5.17: Simulated grain size distributions obtained using different nucleation scenarios. The data were nor-
malized to the median grain volume. 
The overall simulated texture evolution was in agreement with the experiments (Fig-
ure 5.18), as the weakening of the main deformation texture components S and Brass, the re-
tainment of the Goss and P texture components, and the increased fraction of randomly ori-
ented grains was reproduced. 
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Fig. 5.18: Comparison of the experimental (EXP) and simulated (SIM) main recrystallization texture compo-
nents for different recrystallized volume fractions. 
5.3 Conclusions 
The recrystallization behavior of the Fe-28Mn-0.28C TWIP steel was investigated by 
experiments and simulations. State of the art computer models, namely a CP-FEM framework 
for deformation simulation and a parallelized 3D CA for recrystallization simulation were 
employed in the simulations of the 30% cold-rolled material. Meticulous experimental studies 
were performed in order to supply necessary input data and to validate the obtained simula-
tion results. The following conclusions can be drawn: 
 The recrystallization macrotexture of the high-manganese TWIP steel was controlled 
by retention of the deformation texture components due to oriented nucleation and 
formation of new orientations by recrystallization twinning. With increased cold roll-
ing degree the final recrystallization texture was more pronounced due to preferred 
nucleation at shear bands. The γ-fiber texture components E and F that are distinct fea-
tures of the deformation texture after 80% cold rolling, were not retained during re-
crystallization due to the low stored energy in grains of these orientations. 
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 Nucleation was observed to occur practically instantaneously at sites which were het-
erogeneously distributed in space owing to the preferential nucleation at grain bounda-
ries, triple junctions, and shear bands. As a consequence, areas of high nuclei density 
resulted in areas with small grain size after recrystallization, whereas the presence of 
large deformed grains with low stored energy resulted in the formation of large recrys-
tallized grains.  
 Information on the non-uniformly distributed dislocation densities as provided by a 
CP-FEM computation was an essential prerequisite for an accurate prediction of the 
recrystallization kinetics of the 30% cold-rolled material. 
 The macroscopic incubation time was reasonably reproducible solely by considering 
thermally-activated growth of the nuclei in response to a realistic non-isothermal an-
nealing temperature profile without explicitly considering concurrent recovery. 
 In addition to the heterogeneous dislocation density distribution, consideration of real-
istic nucleation scenarios and realistic initial microstructures were key factors for suc-
cessful predictions of the recrystallization behavior. The implementation of a micro-
structure with grains having non-uniform grain sizes after deformation was found to 
be essential for a correct prediction of the microstructure evolution. 
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6 Deformation and Annealing Behavior of TWIP Steel Deformed 
by Equal-Channel Angular Pressing 
A key factor for achieving the desired mechanical properties of a material and thus, of 
TWIP steels is the control and manipulation of the microstructure. In addition to industrially 
established processing methods, such as cold rolling, SPD methods allow for complex micro-
structure modifications that are not achievable using conventional deformation paths. The 
application of SPD to TWIP steels has not yet been studied comprehensively [158-160]. 
Therefore, the Fe-23Mn-1.5Al-0.3C was deformed by ECAP, the most widely-used and most 
highly developed SPD method, in order to investigate the influence of severe shear defor-
mation on the material behavior. The focus was put on the correlation between microstructure 
and texture evolution during both ECAP and subsequent annealing, and the related influence 
on the mechanical properties. In the study of a TWIP steel similar to that investigated in the 
current work [102], it was found that ECAP of TWIP steel at temperatures lower than 300 °C 
causes fracture of the punch due to high work hardening of the material. Hence, ECAP exper-
iments were conducted at 300 °C. This increase of the deformation temperature resulted in an 
increase of the SFE from a low value of ~ 25 mJ/m2 at room temperature to a medium value 
of ~75 mJ/m2. Consequentially, this change in SFE and the influence on the material behavior 
was also analyzed [161]. 
6.1 Results 
6.1.1 Microstructure Evolution during Equal-Channel Angular Pressing 
The initial microstructure after hot rolling consisted of equiaxed grains with a mean 
grain size intercept length of about 27 µm (Fig. 6.1(a)). After 1 ECAP pass, grains were elon-
gated along the shear direction with an inclination angle of about 30-35° to ED (Figs. 6.1(b) 
and 6.2). Within the elongated, plastically deformed grains longitudinal features were ob-
served. Despite the increased SFE of the material due to the deformation temperature of 
300 °C, suitably oriented grains exhibited high fractions of deformation twin bundles, as ex-
emplified by the inset in Fig. 6.2. Hence, the aforementioned longitudinal deformation fea-
tures were identified to be slip bands, deformation twins, and grain-scale micro shear bands. 
After 2 and 4 ECAP passes, plastic deformation of the grains along the shear direction was 
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also observed and demonstrated continuous shearing in the respective ED-ND planes after 
sample rotation between each pass (Fig. 6.1(c) and (d)). In addition, thin parallel shear bands 
extended over the whole cross section after 2 ECAP passes. 
 
Figure 6.1: Optical micrographs of the material in (a) the initial, hot-rolled condition and (b) after 1 ECAP pass, 
(c) 2 ECAP passes, and (d) 4 ECAP passes. 
The detailed microstructure characterization on the sub-micrometer scale during 
ECAP was performed using TEM. After 1 ECAP pass, a heterogeneous, bimodal deformation 
microstructure was formed that consisted of two main features, namely areas with relatively 
large dislocation cells of several hundred nanometers in size (Fig. 6.3(a)) and lamellar areas 
containing elongated dislocation cells and long, extended deformation twins with an approxi-
mate separation distance of 25-100 nm (Fig. 6.3(b)). Within the twin-matrix lamellae high 
densities of dislocations were observed locally. The microstructure after 2 ECAP passes con-
tained the same microstructural features as observed after 1 pass (Fig. 6.3(c) and (d)). In addi-
tion, fine shear bands with a thickness of about 100 nm (highlighted in Fig. 6.3(d)) and indi-  
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Figure 6.2: EBSD image quality (IQ) mapping overlain by an inverse pole figure (IPF) mapping of the material 
after 1 ECAP pass. The inset shows an EBSD IQ mapping of a deformed grain containing a high frac-
tion of parallel bundles of deformation twins. Yellow lines denote ∑3 CSL (60°<111>) grain bounda-
ries. 
vidual equiaxed subgrains with a size of several 10 nanometers were formed, as depicted by 
the inset in Fig. 6.3(e). Furthermore, extremely fine deformation twins with a separation dis-
tance below 5 nm were observed within elongated dislocation cells and micro bands (right 
inset in Fig. 6.3(e)). These microstructural features facilitated further refinement of the micro-
structure as compared to the state after 1 ECAP pass. During the third and fourth ECAP pass, 
continuous refinement of the microstructure occurred and the fraction of large dislocation 
cells, as present after 1 and 2 ECAP passes, decreased significantly. In contrast to the micro-
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structure after the second ECAP pass, which contained only individual fine subgrains, larger 
areas consisting of relative homogeneously distributed subgrains and grains with sizes in the 
range between 20 and 100 nm developed (Fig. 6.3(f)). Due to the limited statistics of the 
number of grains obtained by TEM investigations, no mean grain size was evaluated. Howev-
er, with respect to the whole area inspected by TEM, it must be noted that the microstructure 
was still inhomogeneous. Extended homogeneous areas containing mainly well-defined grains 
in the UFG-range with high-angle grain boundaries, as normally formed in high-SFE materi-
als after 4 ECAP passes, were not observed. In addition, the fraction of deformation twins of 
both fine (< 100 nm) and ultra-fine (< 10 nm) scale was found to increase after 4 ECAP pass-
es (Fig. 6.3(g)). 
6.1.2 Microstructure Evolution during Heat Treatment 
The microstructure evolution of the investigated TWIP steel during annealing was 
found to occur similar irrespective of the number of prior ECAP passes. Therefore, the devel-
opment of the material after 1 ECAP pass is shown as a representative of the three deformed 
states (Fig. 6.4). During the incubation period, the grain morphology remained unchanged and 
the longitudinal microstructural features formed during prior deformation were found to be 
thermally stable (Fig. 6.4(a)). Since the advanced mechanical properties of ECAP-processed 
materials depend strongly on the refinement of the microstructure, its thermal stability during 
the recovery period was also investigated. Both the mechanically-induced twin boundaries 
(Fig. 6.5(a) and (b)) as well as the ultra-fine grains (Fig. 6.5(c)) were retained during anneal-
ing. Furthermore, significant subgrain/grain coarsening was not observed in the investigated 
samples. After this initial incubation period, site-saturated nucleation was found to appear 
mainly at grain boundaries, triple junctions, and deformation bands (Figs. 6.4(b) and 6.6(a)-
(c)). The EBSD mapping of the partially recrystallized material after 1 ECAP pass and addi-
tional annealing (Fig. 6.6) was subdivided into recrystallized and non-recrystallized grains. 
The subset including only the recrystallized grains (Fig. 6.6(c)) demonstrates the heterogene-
ous distribution of the nuclei at preferred nucleation sites. During further annealing, necklaces 
of nuclei formed along the grain boundaries of the deformed grains and transformed these 
matrix grains discontinuously into a strain-free recrystallized microstructure (Fig. 6.4(c) and 
(d)). 
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Figure 6.3: TEM BF micrographs of the material after (a) and (b) 1, (c)-(e) 2, and (f) and (g) 4 ECAP passes. 
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Figure 6.4: Optical micrographs of the material after 1 ECAP pass and annealing at 600 °C for (a) 5 min 
(X = 0%), (b) 10 min (X = 3%), (c) 40 min (X = 56%), and (d) 60 min (X = 80%). X denotes the re-
crystallized volume fraction. Black circles in (b) highlight nucleation at grain boundaries and triple 
junctions. 
 
Figure 6.5: TEM BF micrographs of the material after (a) 1 ECAP pass + recovery annealing and (b) and 
(c) 4 ECAP passes + recovery annealing. 
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Figure 6.6: (a) EBSD IQ mapping and (b) the mapping in (a) overlain with an IPF mapping after 1 ECAP pass 
and annealing at 600 °C for 10 min. The recrystallized grains in the EBSD mapping were identified 
based on the GROD-AO value and are shown in (c). The corresponding φ2=0° and φ2=45° ODF sec-
tions of the non-recrystallized and recrystallized grains are given in (d) and (e), respectively. The ar-
rows indicate deformation texture components retained during nucleation of recrystallization. 
6.1.3 Texture Evolution during Equal-Channel Angular Pressing 
The textures formed after 1, 2, and 4 ECAP passes are illustrated by the φ2 = 0° and 
φ2 = 45° sections of the ODF (Figs. 6.7(b), 6.8(a), and 6.9(a)). The ideal position of the tex-
ture components formed during shear deformation by ECAP are shown in Fig. 6.7(a) and de-
fined in Tab. 2.2. After 1 ECAP pass, all shear texture components as listed in Tab. 2.2 were 
immediately formed and developed a complete fiber at (0-360°, 45°, 0°). In addition, there 
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was a weak rotated Cube texture component (about 10.7° deviation from the ideal Cube com-
ponent in φ1), as also found for the initial (hot-rolled) material. An effect that is often ob-
served during ECAP is that the real positions of the texture components in Euler space show a 
significant deviation from the ideal shear texture components. The rotation angles in positive 
and negative φ1-direction between the real and ideal texture components that formed in the 
present steel were calculated based on the intensity peaks in the ODF that were closest to the 
position of the ideal component (Tab. 6.1). After 1 ECAP pass a disorientation angle as high 
as 7.7° was found for the A1 texture component. The disorientation angles increased between 
the first and second ECAP pass followed by a slight decrease after the fourth pass. In addition 
to the qualitative texture representation using the ODFs, the volume fractions of the real tex-
ture components were calculated using a spread of 10° around their orientation. The evolution 
of these volume fractions is shown in Fig. 6.10(a). Compared with the texture after 1 ECAP 
pass the texture after 2 ECAP passes (Figure 6.8(a)) remained virtually unchanged. The tex-
ture index was 2.6 in both cases and almost the same volume fractions of the main texture 
components and of randomly oriented grains were calculated (Fig. 6.10(a)). However, some 
texture modifications were also observed with a decreased A1 texture component and in-
creased A2 and A̅ texture components. After 4 ECAP passes, the texture became more pro-
nounced as indicated by an increased texture index of 3.9 and a decreased volume fraction of 
randomly oriented grains. This texture sharpening was characterized by a strengthening of the 
A1, A̅, B, B̅, and C texture components, whereas A2 and A were weakened (Fig. 6.10(a)). 
Table 6.1: Rotation angles between ideal and real texture components in φ1-direction depending on the number 
of ECAP passes. 
  number of ECAP passes 
texture component +7.7° -9.3° -1.5° 
A1 +6.8° +14° +3.3° 
A2 +3.9° +3.6° +1.8° 
A +1.8° +1.8° 0° 
A̅ +1.3° -5.4° +1.6° 
B +1.7° -2.1° +0.8° 
B̅ -2.3° -2.5° -0.9° 
C +7.7° -9.3° -1.5° 
6 Deformation and Annealing Behavior of TWIP Steel Deformed by ECAP  
 
91 
 
 
Figure 6.7: φ2 = 0° and φ2 = 45° sections of the ODF: (a) key figure for ideal orientations, (b) after 1 ECAP pass, 
(c) after partial recrystallization, and (d) after complete recrystallization. 
 
Figure 6.8: φ2 = 0° and φ2 = 45° sections of the ODF: (a) after 2 ECAP passes, (b) after partial recrystallization, 
and (c) after complete recrystallization. 
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Figure 6.9: φ2 = 0° and φ2 = 45° sections of the ODF: (a) after 4 ECAP passes, (b) after partial recrystallization, 
and (c) after complete recrystallization.  
 
Figure 6.10: Evolution of the volume fractions of the main texture components during (a) ECAP and (b)-(d) 
annealing at 600 °C after (b) 1 ECAP pass, (c) 2 ECAP passes, and (d) 4 ECAP passes. RC and 
RX denote recovery and recrystallization, respectively. 
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6.1.4 Texture Evolution during Heat Treatment 
The texture evolution of the Fe-23Mn-1.5Al-0.3C TWIP steel after 1, 2, and 4 ECAP 
passes during annealing is shown in Figs. 6.7-6.9 and the corresponding evolution of the vol-
ume fractions of the main texture components is illustrated in Fig. 6.10(b)-(d). Generally, the 
specimens after the three different numbers of ECAP passes revealed very similar texture evo-
lution during recrystallization. During the initial recovery/incubation period, the texture re-
mained unchanged or increased slightly in intensity. Thus, the volume fractions of the main 
deformation texture components remained at a high level (Fig. 6.10(b)-(d)). With the onset of 
recrystallization, the volume fractions of the main deformation texture components decreased, 
whereas the volume fraction of randomly oriented grains increased continuously 
(Fig. 6.10(b)-(d)). That in turn facilitated a decrease of the texture index to 1.5. The only ex-
ception was the A1 texture component of the material after 2 ECAP passes, which showed a 
continuous enhancement during recrystallization. Qualitatively, the described texture evolu-
tion during recrystallization of the TWIP steel after 1, 2, and 4 ECAP passes is illustrated by 
the ODF sections after partial and complete recrystallization (Figs. 6.7-6.9). With progressive 
recrystallization, the intensity pattern of the main texture components became blurred and the 
texture can be described as a weak, retained ECAP texture. The formation of new pronounced 
texture components was not observed. 
6.1.5 Mechanical Properties 
The mechanical properties of the Fe-23Mn-1.5Al-0.3C TWIP steel in different pro-
cessing conditions are illustrated in Fig. 6.11 and summarized in Tab. 6.2. With increasing 
number of ECAP passes both the yield strength and tensile strength increased from 881 MPa 
and 1018 MPa after 1 ECAP pass up to 1348 MPa and 1675 MPa after 4 ECAP passes, re-
spectively. In contrast to the strength of the specimens, the ductility and work-hardening rates 
were found to decrease with higher numbers of ECAP passes. However, the material after 4 
ECAP passes still revealed a total elongation of more than 10%. Furthermore, all three de-
formed states were characterized by pronounced post-uniform elongation.  
In addition to the properties of the deformed samples after ECAP, Fig. 6.11 depicts the 
results of measurements obtained on the samples with the lowest strength and highest ductili-
ty (i.e. after 1 ECAP pass) and with the highest strength and lowest ductility (i.e. after 4 
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ECAP passes) subjected to recovery annealing. In both cases the yield strength was reduced 
significantly, whereas the uniform elongation, total elongation, and the work-hardening rates 
were improved. For comparison, the mechanical behavior of a fully recrystallized sample, 
which is also comparable to the initial state before ECAP, was determined and revealed the 
low yield and tensile strength but high work-hardening capacity of this material in unstrained 
condition. 
 
Figure 6.11: (a) Engineering stress-strain curves and (b) true stress-true strain curves (dotted lines) and work-
hardening rate-true strain curves of the material after 1, 2, 4 ECAP passes and after additional an-
nealing. RC and RX denote recovery and recrystallization annealing, respectively. 
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Table 6.2: Mechanical properties of the material in different processing conditions. The 50% CR + FRX sample 
is similar to the initial material before ECAP (RC – recovered, CR – cold rolled, FRX- fully recrystallized).  
condition hardness 
yield 
strength 
tensile 
strength 
uniform 
elongation 
total  
elongation 
 (HV1) (MPa) (MPa) (%) (%) 
1 pass 417 881 1018 14.4 29.2 
2 passes 470 1167 1279 3.1 16.9 
4 passes 519 1348 1675 2.7 10.6 
1 pass + RC 372 768 885 24.2 32 
4 passes + RC 440 1077 1159 6.2 12.3 
50 % CR + FRX 179 366 765 55.2 62.1 
6.2 Discussion 
6.2.1 Influence of SFE on Microstructure Evolution and Mechanical Properties 
The SFE of a material is one of the main factors that define its deformation behavior. 
In the present study, the investigated TWIP steel was deformed via ECAP at 300 °C. Due to 
the elevated temperature the SFE increased from a low value of ~ 25 mJ/m2 at room tempera-
ture to a medium value of ~75 mJ/m2. Therefore, one of the questions needed to be answered 
in the current study was how this change in SFE affects the microstructure evolution during 
deformation and annealing and thus, the mechanical properties of this material. As evidenced 
by the microstructural observations, the microstructure was continuously refined in three 
stages during the performed four ECAP passes and was found to be inhomogeneous after each 
pass (Figs. 6.1-6.3). These three stages of microstructure evolution and the respective change 
of the mechanical properties are discussed in the following. 
(i) During the first ECAP pass the initial homogeneous grain structure transformed into a 
bimodal microstructure consisting mainly of globular dislocation cells (several hun-
dred nanometers) but also of regions containing lamellar dislocation cells as well as 
long deformation twins (separation distance of 100 nm and below). This corroborates 
that deformation at this stage was dominated by dislocation formation and motion. The 
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arrangement of dislocations in energetically favorable subgrain boundaries and dislo-
cation cells facilitated microstructural refinement. In addition, deformation twins were 
formed sporadically in appropriately oriented grains with high Schmid factors for the 
<111>{112} twinning systems. This caused further refinement of the microstructure 
and evidenced that the shear stress, which is significantly increased at 300 °C as com-
pared to room temperature [134], was sufficiently high to activate deformation twin-
ning. As a consequence of the dramatic increase of the dislocation density after the 
first ECAP pass, the yield strength increased significantly, whereas the ductility de-
creased as compared to the undeformed state. 
(ii) The bimodal structure containing mainly dislocation cells and lamellar regions also 
dominated the microstructure after 2 passes. However, due to the increased defor-
mation strain, the dislocation density increased as well, which caused further reduction 
of the cell size and local formation of distinct ultra-fine grains (inset in Fig. 6.3(e)) as 
a consequence of dislocation interaction, accumulation, tangling, and rearrangement 
[39]. In addition, extremely fine, nano-scale twins appeared in elongated dislocation 
cells or subgrains, most probably formed by the successive emission of partial disloca-
tions from grain boundaries and triple junctions, as reported for nanocrystalline Al and 
Cu [162-164]. This continuous subgrain structure formation and the increased disloca-
tion density after 2 ECAP passes facilitated further enhancement of the yield strength 
but drastically decreased the uniform elongation and work-hardening rate. 
(iii) In contrast to the microstructures after the first two ECAP passes, extended regions 
containing ultra-fine grains with sizes around less than 100 nm were observed (inset in 
Fig. 6.3(f)). In addition, the fraction of both fine and ultra-fine twins (< 10 nm) in-
creased. This extreme refinement of the microstructure after 4 ECAP passes along 
with further increase of the dislocation density resulted in ultra-high yield and tensile 
strength.  
The microstructure evolution in the investigated TWIP steel deviated distinctly from 
pure Cu, where deformation twins are very seldom after ECAP [164], but was consistent with 
previous studies on low-SFE CuZn [165] and CuAl [166] alloys. During the four ECAP pass-
es applied, the microstructure refinement proceeded as a mixture of the two well-known 
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mechanisms, namely dislocation driven grain fragmentation [34, 39-42] and fragmentation by 
deformation twinning [44, 45], where the first mechanism dominated the microstructure evo-
lution. Therefore, the coexistence of these two mechanisms evidences that, on the one hand, 
the increased SFE due to deformation at 300 °C facilitated dynamic recovery processes re-
quired for dislocation driven grain fragmentation, due to the decreased width between partial 
dislocations and thus, the promotion of cross-slip of screw dislocations. On the other hand, 
the SFE was still low enough to allow for the activation of deformation twinning. As a conse-
quence of the medium SFE value at 300 °C, the size of the grains (20-100 nm) formed by 
dislocation driven grain fragmentation was considerably smaller than the values obtained by 
severe plastic deformation of Al (0.5-1.5 µm) [167-169], Cu [169, 170] and Fe [171] (both 
200-300 nm). This suggests that dynamic recovery processes were hindered in the investigat-
ed TWIP steel in contrast to the aforementioned materials. Also, it is expected that lowering 
the SFE of the TWIP steel, e.g. by varying the chemical composition or lowering the defor-
mation temperature, would support further grain refinement due to increased contribution of 
the twin fragmentation mechanism. The potential of this approach was already indicated by 
the nano-scale twins that formed sporadically after 2 and 4 ECAP passes (insets in Fig. 6.3(e) 
and (f)). 
In addition to the high yield strength, the mechanical properties of the investigated 
TWIP steel after ECAP deformation, and especially after 4 ECAP passes, revealed two dis-
tinct features. First, some work-hardening capability remained in contrast to the same alloy in 
the cold-rolled condition [117, 172, 173] and to most other alloys processed by ECAP [174]. 
Second, as compared to the cold-rolled condition, the investigated TWIP steel deformed by 
ECAP still possessed appreciable total elongation. Both can be explained by the deformation 
conditions during ECAP and the related microstructure evolution. Due to the increased SFE at 
300 °C the fraction of deformation twins formed during ECAP was strongly limited. In con-
trast, during deformation at room temperature of both cold-rolled TWIP steels [117, 136] and 
other materials that show deformation twinning during ECAP [165, 166] the level of satura-
tion of deformation twins in the microstructure is reached at comparatively low strains. In 
addition, the capability to form and store further dislocations is strongly limited and causes 
low work-hardening potential and ductility. After ECAP, the investigated TWIP steel was 
strained at room temperature. The SFE of the material was decreased compared to the state at 
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300 °C and therefore, the critical stress for deformation twinning was drastically reduced. As 
a consequence, profuse mechanical twinning was observed after small plastic strains of 5% 
and 3.6% in the specimens after 1 and 4 ECAP passes, respectively (Figs. 6.12 and 6.13). At 
this, the newly formed deformation twins were found to cut through the dislocation cells and 
subgrains formed during ECAP (Fig. 6.12(a) and (b), Fig. 6.13(a)). At higher degrees of plas-
tic strain of 10%, deformation twinning remained the main deformation mechanism, although 
shear banding was also initiated in regions of high stress concentration (Fig. 6.12(c) and (d)). 
Due to the high stress level reached in the material after 4 ECAP passes, activation of second-
ary twinning systems forming extremely fine twins was observed within primary twins and 
facilitated further microstructural refinement (Fig. 6.13(e) and the corresponding inset). It can 
be assumed, that the formation of these nano-scale secondary twins caused the increased 
work-hardening. 
 
Figure 6.12: TEM BF micrographs of the material after 1 ECAP pass and (a) and (b) 5% tensile strain and (c) 
and (d) 10% tensile strain. Shear bands (SB) are indicated in (d). 
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Figure 6.13: TEM BF micrographs of the material after 4 ECAP passes and (a) 3.6% tensile strain and (b) and 
(c) 10% tensile strain. 
A shortcoming of ECAP-processed materials is their strongly reduced uniform elonga-
tion, which originates from the high density of defects that are almost saturated in the micro-
structure and deteriorate with further plastic deformation [166]. In order to regain uniform 
elongation, the dislocation density has to be decreased. A possibility to realize this is to en-
force the initiation of annihilation processes by applying an additional recovery annealing. In 
previous studies [117, 118, 175, 176], it was shown that combining deformation and recovery 
annealing can be used to produce TWIP steels with high yield strength and increased ductili-
ty. In the current work, the deformation features, such as ultra-fine grains and deformation 
twins were thermally stable during recovery annealing (Fig. 6.5). Therefore, the yield strength 
was only slightly reduced due to annihilation of dislocations (Tab. 6.2 and Fig. 6.11). In turn, 
this decrease of the dislocation density promoted regained uniform elongation and can thus 
lend itself as a promising approach to improve the limited uniform elongation that is usually 
observed in ECAP-processed materials. 
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6.2.2 Texture Evolution during Equal-Channel Angular Pressing 
During the first ECAP pass a high strain of 1.15 was imposed. Consequently, the typi-
cal shear texture components were already approached, as normally observed after 1 ECAP 
pass [62]. However, the position of the texture components in Euler space revealed significant 
disorientation with respect to the theoretically ideal orientations (Tab 6.1). These deviations 
have been reported previously [177-179] and were ascribed to factors such as the die geome-
try, strain hardening, and friction. After the second ECAP pass the disorientation angles in-
creased further. It is expected that the increased strain and more complex shear patterns due 
the 90° rotation of the sample [63] cause an enhancement of the factors mentioned above and 
thus, enhanced the deviation. By contrast, these deviations decreased again after 4 ECAP 
passes except of the C texture component. This trend can be explained by the deformation 
following route BC. Due to the 90° rotation of the sample, the shear imposed during the third 
ECAP pass reverses the shear of the first pass as a consequence of deformation on the alter-
nate shear plane. The same holds for the fourth pass with respect to the second [99]. As a re-
sult, the disorientation between the real and the ideal texture components decreased after the 
fourth ECAP pass. 
Although numerous studies have been performed on the texture evolution during 
ECAP, quantitative texture data, except for the texture index, is very scarce. In order to com-
pare the texture of the investigated TWIP steel after 1 ECAP pass with literature data, the 
volume fractions calculated in this study were normalized to the sum of all volume fractions 
of the main texture components (disregarding randomly oriented grains). This data was con-
trasted to the normalized intensity of the main texture components, as approximated from the 
ODFs in the corresponding literature, (Fig. 6.14) and thus, allows a comparison of the relative 
difference between the main texture components observed in the current study and the litera-
ture data [178, 180-182]. In comparison with the literature, the texture after 1 ECAP pass was 
in good agreement with the results of the present study with the exception of the C texture 
component, which was lower in the investigated TWIP steel. In the studies by Li et al. [180], 
Tóth et al. [178], Skrotzki et al. [182], and Gazder et al. [181] pure Cu and a die with an inner 
angle of 90° were used. It is interesting to note that in these studies, different texture features 
were found studying pure Cu. This evidences that, apart from the material used, the exact de-
formation conditions, such as the outer angle [180] or varying lubrication leading to deviating 
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friction conditions, have significant influence on the texture evolution. Therefore, it is diffi-
cult to ascribe the deviation in the evolution of the C texture component after 1 ECAP pass to 
the difference in deformation behavior of Cu and TWIP steel only. 
 
Figure 6.14: Comparison of the main texture components after 1 ECAP pass as formed in Cu and in the investi-
gated TWIP steel. The volume fractions of the main texture components of the TWIP steel were 
normalized to the sum of all main texture components (disregarding randomly oriented grains). The 
intensity of the main texture components in [178, 180-182] was approximated from the correspond-
ing ODFs and normalized to the sum of the intensities of all main texture components. 
During further deformation up to 4 ECAP passes, the texture became more pro-
nounced as evidenced by the increased texture index and reduced volume fraction of random-
ly oriented grains. With respect to the evolution of the texture strength, no unequivocal trend 
is available in the literature. Whereas some authors report a texture weakening or saturation 
between 2 and 4 ECAP passes following route BC [65, 99, 100, 180, 183, 184], texture 
strengthening was also observed [185]. Interestingly, only in the latter study a low-SFE mate-
rial (Ag) was deformed. Furthermore, slight texture strengthening in Ag following route A 
has also been reported [66, 67, 186]. Hence, the texture strengthening during ECAP of the 
investigated TWIP steel might be related to the deformation behavior of the material, which 
distinctly deviated from the behavior of Cu and high-SFE alloys, as discussed in Sec-
tion 6.2.1. 
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With respect to the influence of the SFE on the texture evolution during ECAP, no 
comprehensive studies have been performed so far. Skrotzki et al. [66] and Suwas et al. [67] 
claimed that the main texture component changes from C over A1 to B with decreasing SFE. 
Beyerlein et al. [187] investigated the role of twinning in Ag and also reported a strengthening 
of B/B̅ and A2 texture components accompanied with a weakening of C and A1. Furthermore, 
Suwas et al. [67, 186] suggested that the effect of SFE on texture evolution during ECAP is 
similar to that on texture development during cold rolling. The following correspondence was 
proposed: S => A1, Cu => C, Brass => B/B̅. In the cold rolling texture the Cu and S texture 
components decrease with decreasing SFE, whereas the Brass texture component increases. 
Hence, with decreasing SFE the C texture component is expected to decrease, whereas the 
B/B̅ texture components strengthen. In the investigated TWIP steel the C texture component 
was the strongest after 4 ECAP passes followed by B, A̅, and A1. Therefore, again comparing 
with a rolling texture, the texture formed during ECAP at 300 °C can be described as a transi-
tion texture that is a mixture of both the Copper- and Brass-type rolling texture with a domi-
nating Cu texture component. The formation of this transition texture can be understood by 
consideration of the microstructure evolution during ECAP. After 4 ECAP passes a bimodal 
microstructure containing ultra-fine grains formed by dislocation driven grain fragmentation 
and ultra-fine twin-matrix lamellae formed by twin fragmentation developed. As mentioned 
above, dislocation driven grain fragmentation was found to be the dominant mechanism for 
grain refinement and thus, the motion of perfect and partial dislocations was the main defor-
mation mechanism. That explains the strong C and A1 texture components. In addition, the 
formation of deformation twins and the related latent hardening facilitated also the formation 
of the strong B texture component.  
6.2.3 Texture Evolution during Heat Treatment 
The microstructure and texture evolution during annealing was found to be very simi-
lar for the material deformed by 1, 2, and 4 ECAP passes. Until the onset of primary recrystal-
lization the microstructural features of the deformed state, such as deformation twins and ul-
tra-fine grains, remained thermally stable. As a consequence, the volume fractions of the main 
ECAP texture components after 1, 2, and 4 ECAP passes were retained during this initial re-
covery/incubation period (Fig. 6.10). Furthermore, a slight texture strengthening was ob-
served, e.g. after 1 ECAP pass (Fig. 6.10(b)). This effect has been reported previously [99, 
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117, 188, 189] and was related to less scattering of X-rays during texture measurements due 
to annihilation of dislocations at this stage. 
Nucleation of new recrystallized grains during annealing was found to occur mainly at 
the grain boundaries and triple junctions of the deformed matrix grains (Figs. 6.4 and 6.6). 
During recrystallization the main ECAP texture components were retained but significantly 
weakened in intensity. Furthermore, pronounced randomization of the texture, as indicated by 
the increased volume fraction of randomly oriented grains, was observed. Therefore, the tex-
ture after recrystallization of the investigated TWIP steel deformed by ECAP can be described 
as a weak, retained ECAP texture. This behavior has previously been reported for ECAP de-
formed materials [98-100] as well as for cold-rolled TWIP steels [58, 60, 117, 137, 190]. Dur-
ing nucleation at grain boundaries and triple junctions the nuclei formed with orientations 
close to the deformed matrix grains and thus, retained their orientations. In addition, the for-
mation of annealing twins resulted in the formation of new orientations with a 60°<111> ori-
entation relation to the nuclei, as shown in Fig. 6.15. This behavior is evidenced in Fig-
ure 6.6(d) and (e). The ODFs of the subsets revealed that the deformation texture components 
(Fig. 6.6(d)) were retained during nucleation and that additional annealing twinning caused 
the formation of new orientations (Fig. 6.6(e)). Due to the overall weak ECAP texture anneal-
ing twinning did not facilitate the formation of new pronounced orientations with respect to 
the macrotexture but resulted in an overall randomization of the texture. 
 
Figure 6.15: φ2 = 0° and φ2 = 45° sections of the ODF after 1 ECAP pass. The black squares indicate the position 
of the ECAP texture components. Orientation changes of the ECAP texture components due to first 
order annealing twins (60°<111>) were calculated and are indicated by red squares. 
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6.3 Conclusions 
The Fe-23Mn-1.5Al-0.3C TWIP steel was subjected to 1, 2, and 4 ECAP passes and 
additionally annealed. The microstructure evolution during deformation and annealing was 
investigated and correlated with the mechanical properties. Furthermore, the texture evolution 
during ECAP and annealing was investigated. The following conclusions can be drawn. 
 With increasing number of ECAP passes the microstructure was continuously refined 
and appeared inhomogeneous and bimodal after each pass. This behavior is similar to 
low-to-medium-SFE materials. The microstructure refinement proceeded by two con-
current mechanisms: dislocation driven grain fragmentation and fragmentation due to 
deformation twinning.  
 The combination of high dislocation density, ultra-fine grains (< 100 nm), and ex-
tremely fine deformation twins (< 10 nm) allowed the production of TWIP steel with 
ultra-high strength. Due to the relatively low volume fraction of deformation twins af-
ter ECAP at 300 °C, further contribution of deformation twinning during room tem-
perature deformation allowed for additional work-hardening capacity and elongation. 
During subsequent recovery annealing the ultra-fine grains and deformation twins 
were thermally stable, which supported retainment of the high yield strength along 
with regained uniform elongation. 
 The texture evolution during deformation by ECAP deviated from the behavior of 
both high- and low-SFE materials. The texture strength increased with increasing 
number of ECAP passes. This behavior is typical for materials with low SFE and can 
be ascribed to the strong work-hardening during deformation. In contrast to low-SFE 
materials, the C texture component was the strongest after 4 ECAP passes followed by 
B, A̅, and A1. Following the correspondence S => A1, Cu => C, Brass => B/B̅, the 
formed texture showed a mixed character of both high- and low-SFE materials and 
can be described as a transition texture. The formation of this transition texture can be 
ascribed to the contribution of both deformation twinning and dislocation slip to plas-
tic deformation. 
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 The texture evolution during annealing was similar to the behavior of cold-rolled 
TWIP steel. Recovery processes caused a slight texture sharpening before the texture 
was weakened with progressing recrystallization. The recrystallization texture was 
controlled by retention of the texture components formed during ECAP due to orient-
ed nucleation and formation of new orientations due to recrystallization twinning, 
which caused weakening of the texture.  
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7 Practical Application of Texture Analysis and Recovery-
Annealed TWIP Steel 
A major shortcoming of TWIP steels in the fully recrystallized, coarse-grained state is 
their relatively low yield strength, which is typically in the range between 200 and 400 MPa 
[7, 9]. Although a low onset of plastic deformation facilitates energy-effective part shaping, it 
is detrimental when the material is applied in crash-relevant structural components (such as 
the A- or B-pillar in automobiles). It has been shown that if the yield strength of TWIP steel 
crash boxes is increased, it outperforms conventional steel grades during dynamic, axial col-
lapse [114, 115, 191]. There are several methods available to improve the yield strength of 
TWIP steels, such as pre-straining [7], grain refinement by recrystallization [192-195], micro-
alloying [196-198] or bimodal microstructures consisting of deformed and recrystallized 
grains in partially recrystallized materials [175, 199, 200]. However, all of these methods pre-
sent disadvantages and/or difficulties with respect to the related processing routes, such as the 
strongly reduced ductility after moderate pre-straining, the very high rolling degrees required 
for effective grain refinement by recrystallization, the reduced flexibility in chemical compo-
sition in micro alloyed/precipitation-hardened steels or the difficulty to precisely control the 
annealing conditions in order to obtain partially recrystallized microstructures.  
A simple processing route that has now drawn increasing attention and lend itself as a 
promising production chain is a combination of cold rolling and recovery annealing [107, 
175, 176, 199, 201]. During cold rolling both the dislocation density and deformation twin 
density are increased significantly resulting in an ultra-fine grained microstructure and high 
yield strength. A subsequent recovery annealing reduces the dislocation density due to dislo-
cation annihilation that leads to regained ductility and work-hardening capacity. This micro-
structure evolution is shown schematically in Fig. 7.1. Since deformation twins are thermally 
stable during this heat treatment [176, 202, 203], the nanostructure is retained and the yield 
strength remains at a high level. As a consequence, the aforementioned processing route al-
lows the production of materials combining high yield strength with appreciable ductility and 
work-hardening capacity.  
In this chapter, the results of three studies [107, 117, 118] on recovery-annealed TWIP 
steels, Fe-23Mn-1.5Al-0.3C and Fe-17Mn-1.5Al-0.6C, will be presented and discussed. The 
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focus was put on (i) the establishment between the mechanical properties, the processes oc-
curring during heat treatment, and specific features of the microstructure after cold rolling and 
subsequent recovery and/or recrystallization annealing, (ii) based on the correlations obtained 
in Chapters 4 and 5, the possibility of utilizing an analysis of the texture evolution during cold 
rolling and annealing as a tool to optimize the processing parameters and predict the mechani-
cal behavior, and (iii) the limitations and potential of recovery-annealed TWIP steels. 
 
Figure 7.1: Schematic diagram of the grain-scale microstructure evolution during the processing procedure ap-
plied. 
7.1 Determination of Processing Parameters by Texture Analysis 
7.1.1 Required Deformation and Heat Treatment for Beneficial Mechanical Properties 
In order to achieve a TWIP steel with high yield strength along with high ductility, a 
suitable level of deformation is required to introduce a high fraction of deformation twins and 
thus, to attain an effective reduction of the mean free glide distance of dislocations. Subse-
quent recovery annealing offers the possibility to regain ductility and must be carried out for a 
period of time that is both long enough to initiate recovery processes and short enough to im-
pede recrystallization [107]. Both the necessary degree of deformation by cold rolling and the 
right heat treatment regime can be determined by analysis of texture evolution. In the follow-
ing the efficiency of texture analysis for choosing the optimal processing parameters for the 
aforementioned approach will be shown. 
7.1.2 Degree of Reduction by Cold Rolling 
The texture evolution of the Fe-23Mn-1.5Al-0.3C TWIP steel after cold rolling in the 
range between 10% and 80% thickness reduction is illustrated by φ2=45° ODF sections in 
deformation twins
prior to cold rolling after cold rolling after recovery annealing
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Fig. 7.2. Figure 7.3 depicts the calculated volume fractions of selected texture components. At 
low rolling degrees of 10% to 20%, the texture components Cu, S, Goss, and Brass developed 
and formed a weak Copper-type texture. Increased rolling reduction (30%-50%) facilitated a 
shift of the maximum intensity of the ODF from the Brass texture component into a position 
between Brass and Goss ({110}<115> G/B) along the α-fiber (Fig. 7.2). Furthermore, a 
spread from the Goss towards the CuT texture component along the τ-fiber and a weakening 
of the Cu texture component were observed. As a consequence, fractions of the Goss and CuT 
texture components increased, whereas those of the Cu as well as the S texture components 
decreased (cf. Fig. 7.3). As seen in Figure 7.2, with further rolling reduction, at 60% to 80% 
deformation, a weak γ-fiber consisting of the E and F texture components developed. The 
increase of the volume fraction of the E+F texture components was accompanied by a stagna-
tion of CuT and a further decrease of the Cu texture component as well as an increase of the 
volume fractions of the Goss texture component and randomly oriented grains (cf. Fig. 7.3). 
The relation between microstructure and texture evolution in the Fe-28Mn-0.3C TWIP 
steel is described in detail in Chapter 4. Due to the similar chemical compositions and SFE 
values similar features of the deformed structure and deformation mechanisms, as in the Fe-
28Mn-0.3C steel, were found to relate to the specific texture components in the Fe-23Mn-
1.5Al-0.3C steel investigated in this chapter. Deformation at low rolling degrees of 10% to 
20% was dominated by dislocation glide and thus, resulted in a Copper-type texture. At medi-
um rolling degrees, i.e. 30% to 50% thickness reduction, the contribution of deformation 
twinning to the accommodation of strain increased significantly. Consequently, the decrease 
of the volume fraction of the Cu texture component was accompanied by an increase of the Σ3 
twin related CuT texture component. At high rolling degrees of 60% to 80%, the γ-fiber tex-
ture components, E and F, developed due to successive rotation of twin-matrix lamellae into 
the rolling plane and shear banding. 
Shear bands, as microstructure heterogeneities of high localized shear deformation 
[37], are hardly capable of accommodating further strain during deformation and therefore, 
are undesirable microstructure constituents in structural components that require uniform 
elongation. In addition, shear bands act as preferential nucleation sites for primary recrystalli-
zation due to the high, localized stored energy in these bands and thus, accelerate the onset of 
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Figure 7.2: Texture evolution of the Fe-23Mn-1.5Al-0.3C steel during cold rolling, ODF sections at φ2=45°. 
 
Figure 7.3: Volume fractions of the main texture components developed during cold rolling. 
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recrystallization [28, 125], which then results in a decrease of the yield strength. Furthermore, 
the elimination of twin-matrix lamellae and thus, of the necessary twin boundaries by shear 
bands [51] is also an undesired effect for the approach applied in this study. Due to the afore-
mentioned effects, shear banding should be avoided during cold-rolling when applying the 
processing route introduced in this work. Since the volume fraction of shear bands is directly 
related to the fraction of the E and F texture components, samples with the highest fraction of 
the E and F texture components, namely the 60%, 70%, and 80% cold-rolled samples were 
excluded. In addition to the absence of shear bands in the microstructure, a high density of 
deformation twins is required in order to attain a high yield strength after recovery annealing. 
Therefore, the deformed specimens with the highest twin density, which corresponds to the 
largest volume fraction of the CuT component were chosen, i.e. the 30%, 40%, and 50% cold-
rolled samples (highlighted in red in Fig. 7.3).  
7.1.3 Annealing Time Determined by Texture Analysis 
The texture evolution in the investigated material after 30%, 40%, and 50% reduction 
by rolling during annealing is shown by selected ODF sections at φ2=45° in Fig. 7.4. Even 
though the texture intensities and indices (T) are very low, a clear trend in texture develop-
ment during annealing is observed, which is consistent with the behavior of the Fe-28Mn-
0.28C TWIP steel in Chapter 5 and with other TWIP steels [95]. During the recovery stage, 
the texture intensity was slightly strengthened, which was accompanied by an increase of the 
texture indices. During further (recrystallization) annealing, the main texture components 
were retained due to oriented nucleation, whereas additional annealing twinning facilitated 
evolution of a complete α-fiber [137, 190] as well as further randomization [86, 90] 
(cf.Fig. 7.4). This behavior can also be seen from the volume fractions of the main texture 
components during annealing, which is exemplarily shown for the 50% cold-rolled material 
annealed at 550 °C (cf. Fig. 7.5). As a result of annihilation of dislocations, the volume frac-
tion of randomly oriented grains decreased, whereas the fractions of the main deformation 
texture components, such as CuT, S, and Brass, increased. As indicated in Fig. 7.4, this was 
accompanied by the slight strengthening of the texture index. It must be noted, however, that 
the measured change in volume fraction of the deformation texture components does not cor-
respond to an increased volume fraction of grains with specific orientations, but is rather a 
consequence of less distorted lattice planes due to lower dislocation density, which in turn  
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Figure 7.4: ODF sections at φ2=45° of the (a) 30% cold-rolled, (b) 40% cold-rolled, and (c) 50% cold-rolled Fe-
23Mn-1.5AL-0.3C steel after cold rolling, recovery annealing, partial and complete recrystallization 
annealing. 
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Figure 7.5: Volume fractions of the main texture components of the 50% cold-rolled Fe-23Mn-1.5AL-0.3C steel 
during annealing at 550 °C. 
resulted in a less scattering of X-rays and thus, in a higher detected intensity. With progres-
sive recrystallization, the volume fraction of randomly oriented grains increased and the de-
formation texture components decreased. Therefore, annealing for 30 min at 550 °C (high-
lighted in Fig. 7.5), after which the fraction of the CuT texture component was maximum and 
the fractions of the main deformation texture components still remained at the highest level, 
was chosen as optimal heat treatment parameters for the recovery annealing of the 50% cold-
rolled samples. The same approach was applied to the 30% and 40% cold-rolled material and 
resulted in recovery annealing parameters of 630 °C/10 min and 550 °C/1 h, respectively.  
In order to control the reliability of the annealing parameters determined by texture 
analysis, hardness measurements after annealing were conducted and the microstructure prior 
and after recovery annealing was characterized. The hardness development of the 30%, 40%, 
and 50% cold-rolled material with annealing time is shown in Fig. 7.6. As seen, recovery an-
nealing times determined by texture analysis for all three specimens (encircled data points) 
were just at the beginning of the steep decrease of hardness, which can be associated with the 
onset of primary recrystallization. 
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Figure 7.6: Microhardness evolution of the 30%, 40%, and 50% cold-rolled Fe-23Mn-1.5AL-0.3C steel after 
annealing at 550 °C and 630 °C for various annealing times. 
7.2 Microstructure Evolution during Recovery Annealing 
After cold rolling to a thickness reduction of 30%, the microstructure consisted of 
grains elongated along the rolling direction and contained slip lines, deformation bands and/or 
deformation twins of primary, respectively primary and secondary twin systems 
(cf. Fig. 7.7(a)). In specimens with 40% and 50% reduction the grains were further elongated 
and the density of the aforementioned microstructural features increased. After a deformation 
of 50% first micro shear bands developed in individual grains (cf. Figs. 7.7(c) and (e)). The 
microstructures of the cold-rolled material after recovery annealing with annealing times de-
termined by texture analysis are illustrated in Figs. 7.7(b), (d), and (f). It was found that the 
deformed grains with their elongated shape and the microstructural features observed in the 
cold-rolled state were still present after recovery annealing. Since the grain refinement effect 
due to the mechanically induced twin boundaries is essential for the efficiency of the pro-
cessing route applied in this study, their thermal stability during recovery annealing was ana-
lyzed qualitatively using TEM (Fig. 7.8). Regardless of the cold rolling degree and annealing 
temperature applied, the deformation twins introduced during cold rolling were found to be 
thermally stable in the non-recrystallized grains (cf. Figs. 7.8(a) through (d)). Even though 
primary recrystallization was locally initiated at the chosen annealing temperatures, the de-
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formation twins persisted in the microstructure unless they were consumed by the growth of 
recrystallized grains into the deformed matrix, as illustrated in Fig. 7.8(c).  
 
Figure 7.7: SEM micrographs of the Fe-23Mn-1.5AL-0.3C steel after: (a) 30% cold rolling, (b) 30% cold rolling 
+ recovery annealing, (c) 40% cold rolling, (d) 40% cold rolling + recovery annealing, (e) 50% cold 
rolling, and (f) 50% cold rolling + recovery annealing. 
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Figure 7.8: TEM BF micrographs of the Fe-23Mn-1.5AL-0.3C steel after: (a) 30% cold rolling + recovery 
annealing, (b) and (c) 40% cold rolling + recovery annealing, and (d) 50% cold rolling + recovery 
annealing; (e) selected area diffraction (SAD) pattern of (d) with [011]γ zone axis. 
In addition to the thermal stability of deformation twins, the occurrence of recovery 
processes during recovery annealing was also checked using EBSD measurements. As de-
scribed in Section 3.3.1, the EBSD IPF mapping of the 40% cold-rolled and recovery-
annealed material in Fig. 7.9 was subdivided into RX (cf. Fig. 7.9(c)) and non-RX grains 
based on the GROD-AO value of the individual grains. Furthermore, the non-RX grains could 
be further subdivided into “recovered” (RC) (Fig. 7.9(a)) and “deformed” (DEF) (Fig. 7.9(b)) 
grains using the same approach, where DEF grains can be considered as slightly recovered 
grains with a high residual dislocation density, whereas RC grains underwent stronger recov-
ery than DEF grains. In contrast to the typical equiaxed shape of the RX grains 
(cf. Fig. 7.9(c)), both RC and DEF grains in Fig. 7.9(a) and (b), respectively, revealed an el- 
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Figure 7.9: EBSD IPF mappings of the 40% cold-rolled + recovery-annealed material broken down into: 
(a) deformed (DEF) grains, (b) recovered (RC) grains, (c) recrystallized (RX) grains, and (d) - (f) 
the corresponding ODF sections at φ2=45° of (a) - (c) (levels: 1.0, 2.0, 3.0, 4.0, 5.0, 6.0, 7.0, 8.0). 
ongated grain morphology, inherited from their previous plastic deformation during cold roll-
ing. The corresponding microtexture of the RX, RC, and DEF grains is shown in Fig. 7.9(d) 
through (f). The microtexture of the DEF and RC grains was dominated by the main texture 
components Goss, Brass and Cu, whereas the RX grains revealed the same texture compo-
nents with lower intensity and further formation of wide-spread orientations leading to texture 
randomization. The grain boundary misorientation profiles of the DEF, RC, and RX grains of 
the deconvoluted EBSD data after 30%, 40%, and 50% cold-rolling and recovery annealing 
are shown in Fig. 7.10(a)-(c). The RX grains of the three different EBSD mappings were 
characterized by two peaks at 39° and 60° and indicated 38.9°<101> Σ9 and 60°<111> Σ3 
CSL boundaries, respectively. In contrast to the low fraction of low angle grain boundaries 
(Θ < 15°) of the RX grains, the fraction of these boundaries was significantly higher for the 
DEF and RC grains. Furthermore, the low angle grain boundary fraction of the DEF and RC 
grains was found to increase with increasing rolling degree and thus, indicated a higher resid-
ual dislocation density with higher rolling reduction. The occurrence of recovery processes is 
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further supported by the lower fraction of low angle grain boundaries in the interior of the RC 
grains compared to the DEF grains.  
 
Figure 7.10: Grain boundary misorientation profiles of the deformed (DEF), recovered (RC), and recrystallized 
(RX) grains after: (a) 30%, (b) 40%, and (c) 50% reduction by cold rolling and subsequent recov-
ery annealing (630 °C/10 min, 550 °C/1 h, and 550 °C/30 min, respectively). 
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Finally, it is stressed, that the capability of the EBSD technique to resolve deformation 
twins with nanoscale width and separation distance quantitatively is very limited, which ex-
plains the lower fraction of Σ3 boundaries in the DEF and RC grains compared to the RX 
grains. Moreover, the deteriorating indexing rate with increasing deformation level lowered 
the detected fraction of Σ3 boundaries in the DEF and RC grains significantly (more in DEF 
than in RC grains) and thus, was not representative for the true density of deformation twins. 
Furthermore, the obtained discrepancy between fractions of Σ3 boundaries in DEF and RC 
grains can be understood from the fact that in highly twinned grains due to the additional ac-
commodation of plastic strain by deformation twinning the dislocation density remained at a 
lower level compared to grains containing a lower fraction of deformation twins. As a conse-
quence, the intragranular misorientation caused by dislocations was smaller in grains with 
high fraction of deformation twins (with respective Σ3 boundaries) and thus, a relatively high 
number of these grains was detected as RC grains. 
7.3 Mechanical Properties 
The results of uniaxial tensile tests of the Fe-23Mn-1.5Al-0.3C steel after cold rolling, 
recovery annealing, and recrystallization annealing are given in Fig. 7.11 and Tab. 7.1. With 
increasing rolling reduction the yield strength increased continuously up to 1220 MPa after 
50% deformation, whereas the elongation decreased dramatically (Fig. 7.11(a)). Regardless of 
the previous rolling degree, recovery annealing resulted in a decreased yield strength along 
with significantly improved ductility. This effect was most pronounced for the 50% cold-
rolled and recovery-annealed material, where the total elongation increased by a factor of 12 
compared to the cold-rolled state. Moreover, in comparison with the recrystallized samples 
the yield strength after recovery annealing remained at a high level. The 40% and 50% de-
formed and recovery-annealed materials revealed a yield strength of 831 MPa and 929 MPa, 
respectively, and thus, raised the yield strength by 250% compared to the recrystallization-
annealed states. These trends can also be observed from the true stress-true strain curves in 
Fig. 7.11(b). In addition to the improved ductility, a clearly improved work hardening capaci-
ty of the material after recovery annealing compared to the cold-rolled samples was also ob-
served (cf. Fig. 7.11(b)).  
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Figure 7.11: (a) Engineering stress-strain curves and (b) true stress-true strain curves (dotted lines) and work 
hardening rate-true strain curves of the Fe-23Mn-1.5Al-0.3C steel after various degrees of cold roll-
ing (CR) and subsequent heat treatment. (Recovery (RC) annealing – 630 °C/10 min after 30% CR, 
550 °C/1 h (40% CR), 550 °C/30 min (50% CR); recrystallization (RX) annealing – 700 °C/15 min 
after 30% CR, 700 °C/10 min (40% CR), 700 °C/10 min (50% CR)). 
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Table 7.1: Mechanical properties and specific energy absorption capacity of the Fe-23Mn-1.5Al-0.3C and the 
Fe-17Mn-1.5Al-0.6C steel depending on the annealing conditions and tensile direction in comparison 
with the HCT780X steel (n.s. – not specified). 
alloy condition 
tensile 
direction 
yield 
strength 
tensile 
strength 
uniform 
elongation 
total  
elongation 
specific energy absorption capacity 
after specific engineering strain 
  (°) (MPa) (MPa) (%) (%) 
(kJ/kg) 
5 % 10 % 15 % 20 % 
Fe-17Mn-
1.5Al-
0.6C 
50 % CR 00 1231 1286 0.70 3.30 - - - - 
50 % CR + RC 00 1072 1215 5.55 9.05 8.29 16.24 - - 
50 % CR + RC 45 1089 1223 5.60 9.50 8.38 - - - 
50 % CR + RC 90 1119 1214 5.70 10.00 8.33 16.05 - - 
50 % CR + PRX 00 794 1009 16.90 21.60 6.29 12.58 19.04 25.51 
50 % CR + FRX 00 244 612 56.80 59.70 1.96 4.37 7.18 10.28 
50 % CR + FRX 45 246 619 55.40 56.25 2.05 4.54 7.42 10.59 
50 % CR + FRX 90 246 622 51.75 54.05 1.96 4.40 7.27 10.44 
Fe-23Mn-
1.5Al-
0.3C 
30 % CR 90 861 934 16.30 24.40 6.50 12.42 18.43 24.39 
30 % CR + RC 90 629 862 25.30 30.20 4.90 9.94 15.25 20.71 
30 % CR + FRX 90 297 716 56.60 63.60 2.40 5.29 8.63 12.31 
40 % CR 90 1110 1180 1.20 4.70 - - - - 
40 % CR + RC 90 820 1008 19.10 27.30 6.42 12.71 19.14 25.63 
40 % CR + FRX 90 325 742 55.30 59.80 2.55 5.56 9.02 12.83 
50 % CR 90 1184 1265 0.70 1.60 - - - - 
50 % CR + RC 90 915 1082 13.70 20.90 7.08 13.97 20.93 27.59 
50 % CR + FRX 90 359 764 56.90 66.70 2.81 6.01 9.65 13.66 
HCT780X 
n.s. 00 557 806 10.80 16.85 4.69 9.76 14.84 - 
n.s. 90 560 802 9.60 14.60 4.71 9.77 - - 
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In addition to using different initial degrees of thickness reduction, also the chemical 
composition and the recrystallized volume fraction can be used as additional degrees of free-
dom to tailor the mechanical properties. In order to investigate the influence of both factors, a 
TWIP steel with varied chemical composition (Fe-17Mn-1.5Al-0.6C) was characterized in the 
cold-rolled, recovery-annealed, partially recrystallized, and fully recrystallized conditions. By 
the same technique as for the Fe-23Mn-1.5Al-0.3C TWIP steel, the rolling degree and anneal-
ing parameters for recovery annealing of Fe-17Mn-1.5Al-0.6C were determined using texture 
analysis [118]. In general, the influence of the mechanical properties of the Fe-17Mn-1.5Al-
0.6C TWIP steel was similar to the Fe-23Mn-1.5Al-0.3C steel (Fig. 7.12). Furthermore, the 
partial recrystallization facilitated enhanced ductility but decreased yield strength compared to 
the recovered condition. Hence, the variation of chemical composition and processing param-
eters, i.e. the deformation degree and the combination of cold rolling and various annealing 
procedures, allowed to vary the mechanical properties within a wide range of strength-
ductility combinations (Fig. 7.13). Furthermore, comparison with an industrial HTC780X 
steel shows that the recovery-annealed TWIP steels offered significantly enhanced yield 
strength-total elongation combinations. 
 
Figure 7.12: True stress-true strain curves and work hardening rate-true strain (dotted lines) curves of the Fe-
17Mn-1.5Al-0.6C steel after 50% cold rolling (CR) and subsequent heat treatment. (Recovery 
(RC) annealing – 550 °C/10 min; partial recrystallization (20% RX) annealing with 20% recrystal-
lized volume fraction – 550 °C/30 min; recrystallization (RX) annealing – 900 °C/30 min). 
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Figure 7.13: Relationship between total elongation and 0.2% yield strength of the Fe-23Mn-1.5Al-0.3C (green, 
red, and blue) and the Fe-17Mn-1.5Al-0.6C (magenta) steel in comparison with the HTC780X 
steel (black), (CR = cold rolled, RC = recovery-annealed, 20% RX = 20% recrystallized volume 
fraction, RX = recrystallization-annealed). 
Based on Equation 3.5, the energy absorption of both TWIP steels was calculated after 
specific levels of plastic engineering strain, i.e. 5%, 10%, 15%, and 20% (Fig. 7.14 and 
Tab. 7.1). Due to the high initial yield strength, the 50% cold-rolled and recovery-annealed 
specimens of both alloys provided the highest energy-absorption capacity after 5% and 10% 
of plastic strain. However, because of the limited ductility, straining to 15% and 20% was 
impeded for the recovery-annealed Fe-17Mn-1.5Al-0.6C steel. With increasing recrystallized 
volume fraction and/or decreasing cold rolling degree the energy-absorption capacity per 
strain level decreased, but higher uniform elongation was attained. The HCT780X steel 
showed a significantly lower energy-absorption capacity as compared to the recovery-
annealed Fe-17Mn-1.5Al-0.6C steel. In case of the Fe-23Mn-1.5Al-0.3C steel, energy absorp-
tion was comparable for a cold rolling degree of 30%. At 40% and 50%, the Fe-23Mn-1.5Al-
0.3C steel also showed significantly higher energy absorption compared to the HCT870X 
steel. The results of the drop-tower tests of the Fe-23Mn-1.5Al-0.3C steel are shown in 
Figs. 7.15 and 7.16. The course of crushing force versus crush distance (Fig. 7.16) indicated 
that the fully recrystallized state is relatively soft, so that the HTC780X steel outperformed 
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this material. In the recovery-annealed state, the crush distance needed to dissipate the kinetic 
energy was greatly reduced, so that favorable crash properties were obtained, exceeding those 
of the HTC780X steel. 
 
Figure 7.14: Specific energy absorption capacity of the Fe-23Mn-1.5Al-0.3C (red) and the Fe-17Mn-1.5Al-0.3C 
(blue) steel after different annealing treatments in comparison with the HCT780X steel (black) for 
different plastic engineering strains. 
 
Figure 7.15: Crash boxes after deformation of (a) the Fe-23Mn-1.5Al-0.3C steel in the fully recrystallized condi-
tion, (b) the HCT780X steel, and (c) the Fe-23Mn-1.5Al-0.3C steel in the recovery-annealed condi-
tion. 
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Figure 7.16: Force-deformation distance curves obtained during crash tests of the Fe-23Mn-1.5Al-0.3C steel in 
the fully recrystallized and recovery-annealed state compared with the HCT780X steel. 
In addition, multiaxial formability of the recovery-annealed Fe-17Mn-1.5Al-0.6C steel 
was determined in Nakajima tests and in deep-drawing experiments using a round rod-shaped 
punch, whereas the deformation behavior of the 50% cold-rolled and recovery-annealed Fe-
23Mn-1.5Al-0.3C steel was tested under deep-drawing conditions using a cross-shaped 
punch. The FLCs of the recovery-annealed and recrystallization-annealed Fe-17Mn-1.5Al-
0.6C steel and of the HCT780X steel are shown in Fig. 7.17. The overall formability of the 
recovery-annealed state was significantly reduced compared to the recrystallized material and 
the HCT780X steel. The highest formability of all specimens was obtained in the regime 
close to “uni-axial tension” (φ1 = -2 φ2), whereas the formability of Fe-17Mn-1.5Al-0.6C in 
both tested conditions decreased especially in the “multi-axial stretch drawing” (φ1 = φ2) re-
gime. However, the recovery-annealed specimens were deep-drawn without any cracking 
(Fig. 7.18). Due to the high yield strength deep drawing of the recovery-annealed sheets re-
quired much higher deformation forces (~252 kN) compared to the recrystallized material 
(~163 kN). The formation of earing profiles was found to be similar in the two conditions 
tested. The relative difference in cup height δ was in the range between 5.7% and 8.4%. Final-
ly, it should also be mentioned that no delayed cracking was observed after more than 
1.5 years after cup drawing and storage of the cups in atmosphere. The recovery-annealed Fe-
23Mn-1.5Al-0.3C sheet was deep-drawn using a cross-shaped punch to a depth of 40 mm, 
also without any cracking (Fig. 7.19(a)) although relatively high strains were required at the 
edges of the deformed cross-shaped sheet (Fig. 7.19(b)). 
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Figure 7.17: Forming limit curves (FLC) determined using the linear best-fit method for the Fe-17Mn-1.5Al-
0.6C steel after recovery and recrystallization annealing in comparison with the HCT780X steel. 
 
Figure 7.18: Deep-drawn cups of the Fe-23Mn-1.5Al-0.3C steel in the conditions: (a) recovery-annealed and 
(b) recrystallization-annealed. 
 
Figure 7.19: Deep-drawn sheet of the Fe-23Mn-1.5Al-0.3C steel after recovery annealing: (a) image of the final 
cross-shaped sheet after deep drawing and (b) the sheet shown in (a) with a color-coding according 
to the measured strain values. 
7 Practical Application of Texture Analysis and Recovery-Annealed TWIP Steel  
 
126 
 
7.4 Discussion 
In order to achieve the desired combination of high yield strength and high ductility, 
the microstructure introduced by cold rolling and recovery annealing should consist of a high 
density of deformation twins, a low fraction of shear bands and a significantly decreased dis-
location density compared to the cold-rolled state. As reported above, in the current study the 
necessary cold rolling and recovery annealing parameters to achieve this microstructure were 
determined by means of texture analysis. Due to the increased volume fraction of the γ-fiber 
texture components (E+F), which are related to the occurrence of shear bands, materials with 
rolling degrees in excess of 50% were found not suitable for the applied approach. This was 
confirmed by SEM images of the microstructure after cold rolling (Fig. 7.7(e)), where only 
occasional grain-scale shear bands were observed after 50% deformation. On the other hand, 
the increased volume fraction of the CuT texture component in specimens deformed up to 
50% thickness reduction indicated an increased density of deformation twins. This relation-
ship was confirmed by the calculation of the twin density using the dislocation density-based 
constitutive model [136] described in Appendix II. The good agreement between experi-
mental and simulated flow behavior of the Fe-23Mn-1.5Al-0.3C TWIP steel during uniaxial 
compression testing (Fig. 7.20) confirms the reliability of the model. The results of these sim-
ulations were compared to the evolution of the CuT texture component, as shown in Fig. 7.21. 
At rolling degrees below 20%, both the calculated twin density in Cu-oriented grains and the 
measured CuT texture component remained at a low level and obtained a weak contribution 
of deformation twinning to the accommodation of plastic strain. At higher cold-rolling de-
grees (≥ 20%), the measured CuT texture component and the calculated twin density in Cu-
oriented grains were still in good agreement in both the CuT/twin density development (20-
40%) and saturation (40-50%) regime and thus, revealed the relation between the CuT texture 
component and the density of deformation twins. The relation between the CuT texture com-
ponent and the twin fraction can, according to the existing literature, either be direct or indi-
rect. Whereas Wassermann assumed that the formation of the CuT texture component origi-
nates directly from twinning in Cu-oriented grains [50], Leffers and Ray [56] concluded that 
this component, as part of the Brass-type texture, forms due to latent hardening, which in turn 
is related to deformation twinning. However, both theories state a correlation between the 
CuT texture component and deformation twinning. Moreover, the volume fraction of twins in 
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grains of all crystallographic orientations (Fig. 7.21) showed a similar slope. Therefore, 
measurement of the volume fraction of the CuT texture component allows an assessment of 
the overall material behavior.  
 
Figure 7.20: Experimental (line) and simulated (symbols) true stress-true strain curves of the Fe-23Mn-1.5Al-C 
steel under uniaxial compression (triangles) and plane strain compression (squares) boundary condi-
tions. 
 
Figure 7.21: Dependence of cold rolling degree on the evolution of the experimental volume fraction of the Cop-
perTwin (CuT) texture component and of the simulated volume fraction of deformation twins in Cu-
oriented/all grains in the Fe-23Mn-1.5Al-0.3C steel. 
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The reliability of texture analysis as a tool to estimate the evolution of the twin density 
was also confirmed by the change/increase of the yield strength of the cold-rolled Fe-23Mn-
1.5Al-0.3C samples. With increasing rolling reductions from 30% to 40% and 50% the yield 
strength increased continuously from 882 MPa to 1124 MPa, and 1220 MPa, respectively. 
This was obviously a result of both an increased dislocation density and a higher density of 
deformation twins that promoted dynamic grain refinement. 
The optimal recovery annealing times after cold rolling were also determined using 
texture analysis of the heat-treated specimens. Since TWIP steels are characterized by a slight 
texture sharpening during recovery, as indicated by an increased texture index and a higher 
intensity of the main deformation texture components, and a pronounced texture randomiza-
tion during recrystallization, the optimal microstructure was established by extending the an-
nealing time to incipient recrystallization, which was indicated by an increase of the volume 
fraction of randomly oriented grains and a decrease of intensity of the main texture compo-
nents after cold rolling. This texture weakening by recrystallization was also confirmed by an 
analysis of the microtexture of the few recrystallized grains that appeared after recovery an-
nealing (cf. Fig. 7.9(f)). In order to test the accuracy of the determination of the optimal re-
covery annealing time, both SEM imaging and EBSD analysis were conducted and showed a 
significant retention of the morphology of the grains deformed during cold rolling. The re-
crystallized volume fraction after recovery annealing was found to be less than 10%, which 
indicated that texture analysis during annealing provided reliable estimate of the optimal an-
nealing conditions. For this study, the time steps chosen were sufficiently discrete in order to 
proof the applicability of the analysis method used. If a more accurate determination of the 
transition between recovery and onset of recrystallization is required, annealing treatments 
with finer time increments can be performed or in-situ XRD can be utilized for the measure-
ments.  
The results of the mechanical tests convincingly demonstrated the efficiency of the 
processing route consisting of cold rolling and recovery annealing. The material with the 
highest fraction of the CuT texture component after cold rolling and with the highest fraction 
of low angle grain boundaries, which indicated a high dislocation density, (cf. Fig. 7.10(a)-
(c)), i.e. the 50% cold-rolled specimen, attained the highest yield strength in the deformed 
state. However, the total elongation of this specimen in tensile tests was very low. By con-
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trast, recovery annealing significantly improved the ductility of the cold-rolled samples 
(cf. Fig. 7.11(a)). Moreover, the work hardening capacity after recovery annealing was also 
improved (cf. Fig. 7.11(b)). The fact that recovery processes really occurred was clearly evi-
denced by the deconvoluted EBSD data. The high number of RC grains, which underwent 
stronger recovery than the less recovered DEF grains, was characterized by a lower fraction of 
low angle grain boundaries (cf. Fig. 7.10) and therefore, contained a lower dislocation density 
as a consequence of the recovery processes. In order to assess the contribution of recovery to 
the regained ductility, this decrease of the dislocation density, 𝜌, was calculated from the dif-
ference in 0.2% yield strength, ∆𝜎0.2, between the material in the cold-rolled and recovery-
annealed condition. It was assumed that ∆𝜎0.2 can be described as the sum of the contributions 
of both the decrease of 𝜌 in the RX (∆𝜎0.2,𝑅𝑋) and the non-RX (recovered) grains 
(∆𝜎0.2,𝑛𝑜𝑛−𝑅𝑋).  
∆𝜎0.2 =  𝑓 ∙ ∆𝜎0.2,𝑅𝑋 + (1 − 𝑓) ∙ ∆𝜎0.2,𝑛𝑜𝑛−𝑅𝑋                                                                              (7.1) 
where 𝑓 describes the recrystallized volume fraction, which was obtained from EBSD data. 
The initial dislocation density after cold rolling, 𝜌𝐶𝑅, was estimated by plane strain compres-
sion simulations using the aforementioned constitutive model. The softening due to the RX 
and non-RX grains was calculated by means of the Taylor equation: 
∆𝜎0.2,𝑅𝑋 =  𝛼𝑀𝐺𝑏(√𝜌𝐶𝑅 − √𝜌𝑅𝑋)                                                                                                  (7.2) 
∆𝜎0.2,𝑛𝑜𝑛−𝑅𝑋 =  𝛼𝑀𝐺𝑏(√𝜌𝐶𝑅 −√𝜌𝑅𝐶)                                                                                          (7.3) 
where α ≈ 0.5 is a geometrical constant, M = 3.06 is the Taylor factor2, G = 60.45 GPa is the 
shear modulus, b = 2.55 x 10-10 m is the Burgers vector, 𝜌𝑅𝑋 = 10
10𝑚−2 is the dislocation 
density in the RX grains after recrystallization [18], and 𝜌𝐶𝑅 is the dislocation density in the 
non-RX grains after recovery annealing. Combining Eqs. (7.1)-(7.3), we obtain: 
𝜌𝑅𝐶 = (√𝜌𝐶𝑅 − 
∆𝜎0.2−𝑓∙∆𝜎0.2,𝑅𝑋
(1−𝑓)∙𝛼𝑀𝐺𝑏
)
2
                                                                                                   (7.4)  
                                                 
2 Due to the comparably weak texture of the Fe-23Mn-1.5Al-0.3C TWIP steel investigated, a Taylor factor of 
M=3.06 for material with random texture was used. Furthermore, M was kept constant for all calculations since 
the texture change in the range between 30% to 50% rolling reduction was marginal. 
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The evolution of the 0.2% yield strength and the dislocation densities after different 
cold rolling and recovery annealing treatments are shown in Fig. 7.22. By considering the 
contributions of both recrystallization and recovery to the decrease in yield strength one ob-
tained evidence that recovery was the dominating softening mechanism. Therefore, the re-
duced dislocation density (inset in Fig. 7.22) due to recovery can with confidence be identi-
fied as the main contribution to the regained ductility.  
 
Figure 7.22: Development of 0.2% yield strength and dislocation density after cold rolling (CR) and after cold 
rolling + recovery annealing (RC) of the Fe-23Mn-1.5Al-0.3C steel. Δσ0.2,RX and Δσ0.2,CR indicate 
the contribution of recrystallization and recovery to the overall decrease of the 0.2% yield strength. 
Furthermore, compared to the recrystallization-annealed material a high retained yield 
strength was attained after recovery annealing. This effect was promoted by both the signifi-
cantly higher dislocation density, as depicted in the misorientation profiles in Fig. 7.10, and 
by the high retained fraction of deformation-induced twin boundaries. Since these twin 
boundaries were found to be thermally stable up to the onset of recrystallization (cf. Figs. 7.7 
and 7.8), the fine-grained microstructure was preserved during recovery annealing and engen-
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dered an effective grain refinement. Compared to the cold-rolled and recovered samples the 
recrystallization-annealed material showed a low yield strength, less than 400 MPa, as a result 
of the low dislocation density in the RX grains and the elimination of the deformation twins. 
Finally, as demonstrated by Figures 7.11-7.14 and Table 7.1, the variation of chemical 
composition, the deformation degree and the combination of cold rolling and various anneal-
ing procedures was found to be an effective method to produce TWIP steels with a wide range 
of strength-ductility combinations. The density of deformation twins and their retention dur-
ing recovery annealing can be utilized to process materials with both high yield strength and 
appreciable elongation. As a consequence, recovery-annealed TWIP steels are applicable for 
weight reduction of structural components due to increased specific strength and for anti-
intrusion applications, which require very high initial strength. On the other hand, this high 
initial strength along with the enhanced ductility due to the annihilation of dislocations during 
recovery improved significantly increased the energy-absorption capacity over a plastic strain 
regime (Figs. 7.14-7.16). It is stressed that the same effect cannot be realized using cold-
rolled or recrystallized samples (see Fig. 7.14 and Tab. 7.1). The application of recovery-
annealed TWIP steel for crash relevant components that are intended to absorb impact energy 
would be a major gain for the automotive industry, as the deformation path required for the 
same energy absorption was decreased during the crash tests (Figs. 7.15 and 7.16). 
Critical issues that are normally raised with respect to recovery-annealed materials are 
the reduced formability and strong anisotropic mechanical properties. Due to the relatively 
weak texture after cold rolling, the anisotropy of the mechanical properties can be neglected 
in recovery-annealed TWIP steels, as evidenced by the low earing during deep drawing and 
the isotropic mechanical properties during tensile testing using varying tensile directions 
(Tab. 7.1). As demonstrated by cup drawing experiments, the ductility regained during recov-
ery annealing is sufficient for final part shaping, e.g. round or cross-shaped cups (Figs. 7.18 
and 7.19). The specimens without recovery annealing were found to be too brittle for crash 
testing. This proves the necessity for additional recovery annealing. With respect to more 
complex part shaping and high degrees of deformation, the performance of the recovery-
annealed Fe-17Mn-1.5Al-0.6C steel is still an open question as it showed significantly lower 
formability compared to the fully recrystallized counterpart and to the HCT780X steel, espe-
cially under multi-axial stretch drawing conditions (Fig. 7.17). This problem can possibly be 
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solved by lowering the degree of deformation during cold rolling, since the following defor-
mation and work hardening during part shaping would result in further increase of the yield 
strength as required for the final application. In addition, lowering the carbon content, e.g. 
from 0.6 wt.% to 0.3 wt.%, would also lead to increased formability (Tab. 7.1). 
7.5 Conclusions 
The possibility of applying a simple processing route consisting of cold rolling and re-
covery annealing to the Fe-23Mn-1.5Al-0.3C and the Fe-17Mn-1.5Al-0.6C steel for improv-
ing mechanical properties was investigated. Texture analysis was successfully utilized for the 
optimization of the processing parameters. The following results were obtained. 
 Texture evolution during both cold rolling and subsequent heat treatment allowed to 
gain a reliable estimate of (i) the required degree of reduction by cold rolling and 
(ii) the optimal annealing time. (i) − Specimens containing undesired shear bands were 
sorted out by interpreting the evolution of the volume fraction of γ-fiber-oriented 
grains. The development/increase of the density of deformation twins was tracked by 
analyzing the intensity of the CuT texture component. (ii) – The transition between 
texture strengthening during recovery and texture randomization during primary re-
crystallization was determined as the optimal annealing time for the processing ap-
proach applied. 
 The optimal processing parameters could be identified without using additional mi-
croscopy techniques. The obtained texture data proved to be reliable and thus, lends it-
self as a promising tool for industrial application as a non-destructive, online process 
control method. 
 Simulations of the deformation behavior of the Fe-23Mn-1.5Al-0.3C TWIP steel by 
utilizing the dislocation-based constitutive model provided evidence that the CuT tex-
ture component can be used as an indirect indicator for the evolution of the defor-
mation twin density. Furthermore, simulation results identified recovery as the domi-
nating softening mechanism under the applied annealing conditions. 
 A simple combination of cold rolling and recovery annealing was found to produce 
TWIP steels with both high yield strength and appreciable ductility. Due to the thermal 
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stability of nanoscale deformation twins during annealing the yield strength remained 
at a high level. The occurrence of recovery processes was verified and the contribution 
of recovery to the regained ductility was proven. Therefore, a significant retention of 
mechanically induced twin boundaries allows tailoring the mechanical properties and 
generates an extended portfolio of mechanical properties to be realized by varying the 
chemical composition, cold rolling degree, and annealing temperature and time. 
 The high yield strength that is retained during recovery annealing resulted in a signifi-
cant increase of the energy-absorption capacity per strain of the TWIP steels investi-
gated. This potential was verified in uniaxial tension and under dynamic deformation 
conditions in crash tests. The superior properties of recovery-annealed specimens 
compared to recrystallized material and conventional AHSS were proven. However, 
the relatively low formability of TWIP steels with high initial rolling degree under 
multi-axial deformation conditions remains a critical issue and has to be considered 
when applying these materials. Decreasing the initial cold rolling degree can be used 
to improve the formability significantly. 
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8 General Conclusions 
In this work, the deformation and recrystallization behavior of high-manganese TWIP 
steels with low SFE in the range between 25 mJ/m2 and 29 mJ/m2 was analyzed using detailed 
experimental investigation of the microstructure and texture evolution and using computer 
simulations. The aim was to contribute to an increased understanding of the underlying mech-
anisms that define the behavior of TWIP steels during processing. In addition, the influence of 
microstructure modifications on the mechanical properties was determined. 
8.1 Deformation Behavior 
The deformation behavior was analyzed after subjecting TWIP steels, on the one hand, 
to conventional cold rolling and, on the other hand, to severe shear deformation by ECAP. 
During cold rolling at room temperature in the range between 10% and 80% thickness reduc-
tion, the microstructure and texture evolution occurred in three stages (I-III), as was shown 
for the Fe-28Mn-0.28C steel in Chapter 4. I (10%-20%): a Copper-type texture containing 
mainly the Cu, S, and Brass texture components was formed due to domination of dislocation 
slip in this regime. II (30%-50%): with the beginning of profuse twinning, the Copper-type 
texture gradually transformed into a Brass-type texture with Brass, Goss, S, and CuT being 
the main texture components. At this stage, alignment of twin-matrix lamellae with the rolling 
plane caused the beginning of shear banding. III (60-80%): further reorientation of twin-
matrix lamellae and formation of shear bands facilitated the formation of an additional γ-fiber. 
The formation of a strong Goss texture component was found to be related to deformation 
twinning, whereas the formation of a relatively weak Brass texture component was ascribed to 
the limited maximum deformation degree of 80%. It has been evidenced by VPSC simula-
tions that consideration of multi-slip, the latent hardening due to deformation twinning, and 
shear deformation have to be taken into account in order to correctly predict the Brass-type 
texture in TWIP steels. It is expected that simulation of shear banding, which has not been 
implemented in the VPSC model so far, would further improve the prediction of the γ-fiber.  
In addition, the Fe-23Mn-1.5Al-0.3C TWIP steel was also subjected to 1, 2, and 4 
ECAP passes at 300 °C (Chapter 6). Due to the increased SFE at 300 °C (~75 mJ/m2), defor-
mation twinning was less pronounced as compared to room temperature deformation. With 
increasing number of ECAP passes, the microstructure was continuously refined and con-
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tained ultra-fine grains (< 100 nm) and nano-twins (< 10 nm). This refinement proceeded 
mainly by (i) dislocation driven grain fragmentation and to a minor extend by (ii) the twin 
fragmentation mechanism. After ECAP, the refined microstructure caused a high yield 
strength of 1348 MPa, whereas further deformation twinning during room temperature tensile 
testing facilitated higher total elongation (10.6 %) as compared to cold-rolled TWIP steels. In 
contrast to the texture evolution during cold rolling, a transition texture was formed during 
ECAP due to the increased SFE at 300 °C. This transition texture was characterized by both 
texture components that are typical for medium-to-high-SFE materials (A1 and C) and the 
ones that occur in low-SFE materials (B). In order to better understand the influence of the 
different deformation mechanisms active during ECAP on the texture evolution, VPSC simu-
lations of the ECAP deformation of the Fe-23Mn-1.5Al-0.3C steel are currently in progress. 
8.2 Annealing Behavior 
Both the cold-rolled and the ECAP-deformed specimens were also subjected to heat 
treatments (Chapters 5 and 6). Surprisingly, the microstructure and texture evolutions follow-
ing the two deformation paths proceeded similar. In general, a slight texture strengthening 
was observed in the recovery/incubation period, whereas the texture was weakened with the 
onset of recrystallization. After complete recrystallization, weak retained cold rolling/ECAP 
textures were obtained. The texture formation in TWIP steels during recrystallization was 
controlled by (i) retention of the texture components formed during prior deformation due to 
oriented nucleation and (ii) formation of new texture components due to recrystallization 
twinning, which caused texture randomization. In contrast to cold-rolled low-SFE materials, 
such as CuZn alloys, the typical Brass recrystallization texture was not observed. This can 
probably be ascribed to the weak Brass-type texture after 80% cold rolling and/or to the low 
fraction of 1-2 vol.% of shear bands (80 vol.% in 99% cold-rolled Cu30Zn). Recrystallization 
studies on 90% and 95% cold-rolled TWIP steel are in progress at present. First results re-
vealed still a retained rolling texture instead of a recrystallized Brass texture, which shows the 
necessity for further detailed investigation of the annealing behavior of highly cold-deformed 
TWIP steels. 
In order to investigate the influence of microstructure heterogeneity on the recrystalli-
zation behavior, a combined CP-FEM and 3D CA study was performed on the 30% cold-
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rolled Fe-28Mn-0.28C steel. The prior 30% cold rolling was simulated by the CP-FEM 
framework and supplied orientation-dependent dislocation densities, whereas the nuclei densi-
ty and orientations were extracted from experimental EBSD data. It was found that the heter-
ogeneous dislocation density distribution and heterogeneous nuclei distribution due to pre-
ferred nucleation at grain boundaries and triple junctions were responsible for retarded recrys-
tallization kinetics. These heterogeneities as well as realistic nucleation scenarios and initial 
microstructure are key factors for successful prediction of the recrystallization behavior of 
TWIP steels. The use of massively parallel CA simulations allowed for statistically reliable 
predictions, which enabled parameter studies unrealizable with experiments only. Further 
simulations that consider higher initial rolling degrees, non-uniform initial grain sizes, and 
nucleation at shear bands are planned as future tasks and will help to gain further understand-
ing of the annealing behavior of TWIP steels. 
8.3 Practical Application of Texture Analysis and Recovery-Annealed 
TWIP Steel 
Enhancement of the yield strength of TWIP steels is highly desired for industrial ap-
plication of these materials. It was found that a combination of cold rolling and recovery an-
nealing is a suitable processing approach that allows producing TWIP steels with both high 
yield strength due to retention of the refined microstructure as a consequence of thermal sta-
bility of deformation twins and good ductility due to recovery processes. Therefore, the Fe-
23Mn-1.5Al-0.3C and the Fe-17Mn-1.5Al-0.6C TWIP steel were subjected to this processing 
route (Chapter 7). 
Based on the conclusions from Chapters 4 and 5, texture analysis could be utilized and 
introduced as a new method to determine the optimal cold rolling degree and annealing time 
for this processing route. Specimens containing undesired shear bands were sorted out by in-
terpreting the evolution of the γ-fiber, whereas the development of the twin density was 
tracked by analyzing the evolution of the CuT texture component. In order to determine the 
optimal annealing time for recovery-annealing, the transition between texture strengthening 
during recovery and texture weakening due to the onset of recrystallization was identified. 
The reliability of the CuT texture component as an indicator for the twin density and the iden-
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tification of recovery as the main softening mechanism were proven using CP-FEM simula-
tions. 
With respect to the mechanical properties of recovery-annealed TWIP steels, it was 
found that varying the initial cold rolling degree, recrystallized volume fraction, and chemical 
composition allows to adjust the yield strength and total elongation within a wide range be-
tween 250 MPa and 1230 MPa and between 1.6% and 66%, respectively. Furthermore, it was 
proven that increasing the yield strength had a significant effect on enhancement of the ener-
gy-absorption capacity, which was superior to recrystallized TWIP steel and to conventional 
AHSS steel. The formability after recovery annealing was found to be sufficient for deep 
drawing, but still requires further investigation in order to understand the poor plasticity, e.g. 
under stretch-drawing deformation conditions. 
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Appendix I – VPSC Model 
The texture evolution during cold rolling was simulated using the VPSC model. For a 
detailed description of the VPSC model formulation, please see Refs. [204, 205]. Similar to 
all crystal plasticity models, the VPSC model simulates the plastic deformation of polycrys-
talline aggregates based on the microscopic response of their constituting individual crystals 
(or grains). In this model, a single grain (or crystallographic orientation) is associated with a 
volume fraction and is treated as an ellipsoidal visco-plastic inclusion embedded in and inter-
acting with an anisotropic homogeneous effective medium that corresponds to the polycrys-
talline aggregate. The properties of the homogeneous effective medium are the average prop-
erties of the single grain inclusions and are not known in advance. These properties are calcu-
lated iteratively until they match the average of the polycrystalline aggregate. The response of 
the individual grains is described by the activation of various deformation systems (s) at pre-
determined values of the critical resolved shear stress (CRSS). The CRSS evolves with the 
total accumulated shear strain ( s
s
   ) on all deformation systems in each grain by fol-
lowing an extended Voce hardening rule [206] 
 
s
s s s s
cr s
0
0 1 1
1
1 exp

   

  
       
   
                         (AI.1) 
where 0
s  and 1
s
 
are the initial and back extrapolated CRSS while 0
s  and 1
s are the initial and 
final asymptotic hardening rates associated with a deformation system (s). It should be noted 
that the employed VPSC code does not account for the local intragranular stress concentration 
which leads to twin nucleation. Consequently, scr  for the twinning systems is regarded as a 
characteristic stress for twin propagation [205, 207]. 
The VPSC model also accounts for latent hardening effects such that the activities on 
the various slip and twinning systems harden each other according to 
' '
'
s
sss scr
s
d
h
d

 


 
            (AI.2) 
where, 
'ssh  is the latent hardening matrix. The hardening matrix has diagonal values (or the 
self hardening) of 1. The off-diagonal values (or the latent hardening) can be adjusted such 
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that activation of a deformation system on a particular plane contributes to the hardening of 
the non-coplanar systems. Consequently, for the present TWIP steel, the VPSC model is able 
to empirically account for the hardening induced by twinning as the previously formed twins 
hinder the propagation of new dislocations. This is achieved by assigning high values to the 
latent hardening coefficient (
'ssh ) describing slip-twin interaction (cf. Section Approximating 
the composite deformation pattern) [208]. 
The slip and twinning systems introduced into the VPSC model comprise the 
24 {111}<110> slip systems (counting both forward and reverse slip directions) and the 
12 {111}<112> forward twinning systems (due to the directionality of the twinning shear).  
The predominant twin reorientation scheme [209] was utilized in order to account for 
the volume effect of twinning on texture evolution. This scheme is a statistical approach 
wherein twinned grains are fully reoriented to their predominant twin orientation after a cer-
tain threshold volume fraction of a grain has undergone twinning. Beyerlein et al. [207] and 
Wen et al. [210] also used the predominant twin reorientation scheme during the simulation of 
Brass-type rolling texture. 
The grain co-rotation scheme developed by Tomé et al. in [211] was used such that 
grains were paired at random at the beginning of a simulation and made to co-rotate to im-
prove strain compatibility at grain boundaries. The application of this scheme slows down the 
overall texture evolution during the simulation as it allows grains with the same initial orien-
tation but different neighboring grains to follow different reorientation paths during defor-
mation. 
To this end, the following three sections describe further details essential for the simu-
lations. This includes the homogenization (grain-matrix interaction) scheme and the approach 
which was adopted to approximate the composite deformation pattern and the redundant shear 
effect. It is highlighted that the former three factors have to be considered concurrently in 
order to achieve optimal texture predictions. 
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The homogenization (grain-matrix interaction) scheme 
Self-consistent models are based on solving the local stress equilibrium equation for 
an ellipsoidal inclusion (or grain) and the surrounding homogeneous effective medium (ag-
gregate). This solution leads to an interaction equation that relates the grain-level strain rate    
( c ) and stress ( c ) to the aggregate counterparts (  ,  ) 
:( )c c cM                   (AI.3) 
where, 
1( ) : :c effM n I E E M   is the interaction tensor. Here I is the identity tensor, E is the 
Eshelby tensor for a given grain and M  is the homogenisation constitutive law (or the macro-
scopic compliance tensor) that correlates   and   at the aggregate level such that :M   
[212]. The variable effn  is an adjustable parameter that dictates the strength of the coupling 
between the stress ( c  ) and strain rate ( c  ) deviations. For effn  = 0, the grain and ag-
gregate strain rates are equal leading to an upper-bound Taylor model. Alternatively, to keep 
the strain rate deviation finite when effn  tends to infinity, the stress deviation needs to be zero. 
This latter condition corresponds to a lower-bound Sachs model. 
Various interaction schemes are embedded in the VPSC model and are associated with 
the different values that the effn  parameter adopts: (i) effn  = 1, for the secant formulation 
which is close to a Taylor-type model, (ii) effn  = 20, for the tangent formulation which is 
close to a Sachs-type model, and (iii) effn  = 10, for an intermediate interaction between the 
secant and tangent limits. Details of the various schemes can be found in [205]. 
While the various interaction schemes were examined, the best predictions were ob-
tained with the tangent approach. To ensure brevity in the text and since comparing the effect 
of the interaction schemes on the VPSC modelling results is beyond the scope of this work, 
only the tangent based-simulations are reported here.  
Approximating the composite deformation pattern  
In addition to the reorientation effect, twinning is also most likely to influence bulk 
texture evolution via a latent hardening effect [56, 213]. Latent hardening confines matrix slip 
to planes parallel to the {111} twinning plane in grains with dense twin bundles. Accordingly, 
a composite deformation pattern was proposed in Refs. [214, 215] such that: (i) heavily 
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twinned grains deform mainly by single slip on the {111} matrix planes, (ii) the sparsely 
twinned grains may or may not deform by multi-slip, (iii) the twin-free grains must deform by 
multi-slip in order to maintain strain continuity with twinned grains. Lebensohn et al. [208] 
were the first to quantitatively introduce the composite deformation pattern in their VPSC 
simulations of rolling texture in low SFE brass. While generally limited correspondence with 
the typical experimental Brass–type texture was obtained, the composite deformation pattern 
was promising as it provided better results compared to the other modelling scenarios applied 
in [208]. Building on the above ideas, we attempt to mimic the composite deformation pattern 
in our simulations by adopting the following procedure: 
The initial hot rolled texture was discretized into 10,000 single orientations (grains) 
calculated from the experimental ODF. The Schmid factors of the 24 {111}<110> slip sys-
tems and 12 {111}<112> twinning systems were calculated for the 10,000 discrete orienta-
tions using a generalized Schmid’s law, which is applicable for arbitrary stress states [216] 
T Tm bg g n              (AI.4) 
where, b is the slip direction, g is the orientation matrix in Euler angles, σ is the stress tensor 
and n is the slip plane. With regard to σ, Tucker’s stress state for rolling was applied such that 
11 33  and 22 12 13 23 0        [217, 218]
3. An additional constraint was applied for the 
twinning systems such that only positive Schmid factors are considered in order to account for 
the directionality of the twinning shear [26]. 
Based on the ratios between the Schmid factors of slip and twinning, the 10,000 dis-
crete orientations were separated into: (a) a 74% slip fraction that comprises orientations with 
higher Schmid factors for slip and (b) a 26% twin fraction that comprises orientations with 
higher Schmid factors for twinning. It is emphasised that this division into slip and twin frac-
tions does not mean that slip is not occurring in the twin fraction or twinning is not occurring 
in the slip fraction. Rather, it is a logical division that allows us to impose different hardening 
on orientations (or grains) that are more likely to exhibit different deformation. 
                                                 
3 The directions 1, 2, and 3 represent the rolling (RD), transverse (TD), and normal (ND) directions of the rolled 
sheet, respectively. 
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For the 74% slip fraction, all the values (diagonal and off-diagonal) of the hardening 
matrix ( 'ssh  in Eq. AI.2) are set to 1 such that all deformation systems contribute equally to 
the hardening of each other. In terms of the composite deformation model, this slip fraction 
corresponds to the grains that tend to deform via multi-slip. This fraction will be referred to as 
the ‘isotropic’ hardening fraction throughout the remainder of the text.  
For the 26% twin fraction, the latent hardening parameters of the non-coplanar slip 
systems is assumed to be 5 times harder than coplanar slip systems, i.e., ' 1ssh   for systems (s) 
and (s′) having the same slip/twin plane and 
' 5ssh   for s and s’ with different planes. In other 
words, strong non-coplanar latent hardening is imposed on the slip systems due to twinning 
activity. In terms of the composite deformation model, this twin fraction corresponds to the 
grains that tend to deform by single slip on planes parallel to the twinning plane. This fraction 
will be referred to as the ‘latent’ hardening fraction throughout the remainder of the text.  
Accounting for the redundant shear deformation 
In most rolling texture simulations, the deformation is approximated by plane-strain 
compression such that the rolled sheet is thinned in the normal direction (ND), is free to ex-
pand in the rolling direction (RD), and undergoes negligible or little lateral expansion in the 
transverse direction (TD) [219]. Consequently, the macroscopic boundary conditions are usu-
ally represented in terms of a velocity gradient tensor composed of rolling (L11) and normal 
(L33) components (such that L11 = – L33) and the other components (L22, L12, L21, L13, L31, L23, 
L32) are set to 0. However, in practice the strain-state during rolling deviates from the plane-
strain compression assumption as shear deformation takes place. This shear deformation 
could affect the evolving texture and is ascribed to two main factors: (i) friction between the 
rolls and the sheet surfaces which leads to a non-zero L13 component and, (ii) the redundant 
shear strain associated with the geometrical shape change (or the internal distortion of the 
rolled sheet) within the roll gap which leads to a non-zero L31 component. Thus, the velocity 
gradient tensor takes the form [220]4 
                                                 
4 The velocity gradient tensor in Eq. AI.5 still represents a plane-strain deformation but with shear added to the 
compression. 
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             (AI.5) 
The friction-induced shear (L13) is maximum at the sheet surface and reduces as we 
approach the mid-plane of the sheet thickness. In this regard, Asbeck and Mecking [124] 
demonstrated that the friction effect on the texture evolution is limited to a thin layer of the 
same order as the surface roughness. Since our texture measurements were performed on the 
mid-plane of the sheet thickness, the L13 component was set to 0 in all VPSC simulations. 
The geometry-induced shear (L31) depends on the homogeneity of the rolling condition 
and could extend over the entire sheet thickness [124, 221]. While our homogeneous rolling 
conditions promote the formation of a uniform through-thickness texture, redundant shear 
strain would still inevitably develop during rolling. In order to account for this redundant 
shear, we follow Asbeck and Mecking [124] analysis of Tarnovski’s et al. data [222]. It can 
be inferred from Ref. [124] that the shear component (L31) can be described as a function of 
the normal component (L33) along the rolling pass following a power law of the form              
(
B
31 33L A L  ). The normal component (L33) is conventionally assumed to remain constant dur-
ing a rolling pass (with L11 = –L33) [220], whereas the constants A and B have been used as 
adjustable parameters in our simulations to improve on the predicted textures. The variation in 
the velocity gradient components (L11, L33 , and L31) and the resulting strain rates ( 11 , 33 , 
and 13 31=   ) along a simulated rolling pass are illustrated in Fig. AI.1. The strain rate compo-
nents are estimated as follows: 11 11L  , 33 33L  , and ( )/213 31 13 31L L    .  
It is understood that a more accurate description of the strain distribution within the 
roll gap could be obtained experimentally (e.g. using marker grids [222] or the embedded-pin 
method [223]) or by finite element calculations. However, our empirical approach allows us 
to account for the redundant shear effect in a simplified yet practically reasonable way.  
To this end, a deformation path that approximates the experimental rolling schedule 
was used during the VPSC simulations. For example, the texture simulation at 80% reduction 
was performed in 350 steps comprising 35 passes with each pass subdivided into 10 steps. An 
incremental deformation per step (∆L11) of 0.046 was imposed to achieve the final 1.61 true 
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strain (80% reduction). It is noted that changing the number of rolling passes or the number of 
steps per pass had a very marginal effect on the predicted textures. 
A final remark regarding the effect of the imposed shear on the symmetry of the simu-
lated textures is needed. As demonstrated by Engler et al. [220] in a comprehensive VPSC 
study on the effect of shear on the texture development in rolled sheets, the transition from 
plane–strain to shear textures was found to occur in the range of 0.7 113  . As seen in 
Fig. AI.1, the range of 13  used in the present simulations is 0.56 at step 1 to 0.09 at step 10. 
Since these values are below the above texture transition range, orthorhombic sample sym-
metry was maintained and imposed on the simulated ODFs for comparison with their experi-
mental counterparts. 
 
Figure AI.1: The evolution of the velocity gradient components (L11, L33, and L31) and the resulting strain rate 
components ( 11 , 33 , and 13 31=   ) during a rolling pass. 
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Appendix II – CP-FEM Model  
The model used for simulations is an finite element model (FEM) implementation of 
the analytical model described in [136]. To achieve this, a number of modifications similar to 
those described in [224] were made. First, the dislocation cell structure is neglected. Second, 
all evolution equations were rewritten in a per slip/twin system formulation.  
In the CP-FEM simulations deformation twinning was considered in addition to crys-
tallographic slip. Following the ideas in [225], twinning can be interpreted as an operation of 
additional, though, unidirectional deformation systems. The total plastic deformation gradient 
can thus be calculated as the sum of both crystallographic slip and deformation twinning ac-
cording to Equ. AII.1 
𝐿𝑝 = (1 − ∑ 𝑓
𝛽
𝑛𝑡𝑤𝑖𝑛
𝛽=1
)∑ ?̇?𝛼
𝑛𝑠𝑙𝑖𝑝
𝛼=1
𝒎𝛼 ⊗𝒏𝛼 + ∑ ?̇?𝛽𝛾𝑡𝑤𝑖𝑛
𝑛𝑡𝑤𝑖𝑛
𝛽=1
𝒎𝛽 ⊗𝒏𝛽                                   ( 𝐼𝐼. 1) 
with 𝑛𝑠𝑙𝑖𝑝 and 𝑛𝑡𝑤𝑖𝑛 being the numbers of the slip and twin systems, respectively. 𝑓
𝛽 is the 
twin volume fraction of twin system 𝛽, ?̇?𝛼 is the shear rate of slip system 𝛼 with slip direction 
𝒎𝛼 and slip plane normal 𝒏𝛼, 𝛾𝑡𝑤𝑖𝑛 is the characteristic twinning shear, and ?̇?
𝛽 is the twin-
ning rate on twin system 𝛽 with direction 𝒎𝛽 and plane normal 𝒏𝛽. For calculating 𝑓̇𝛽 an 
adaption of the twin nucleation and growth model described in [136], as presented in [117], is 
used. The evolution equations for the dislocation densities are outlined in [134]. 
The twinning process is split into two parts, namely twin nucleation and twin growth. 
For the nucleation, the model of Mahajan and Chin [226] is adopted. It relies on the reaction 
of two dislocations to form a twin nucleus: 
𝑎
2
〈011̅〉 +
𝑎
2
〈101̅〉 = 3 ×
𝑎
6
〈112̅〉 . The twin nu-
cleation rate (?̇?𝛽) per twin system 𝛽 is calculated by multiplying the total number density of 
potential twin nuclei per unit time (𝑝𝑠𝑡
𝛽), by the probability that a sufficient stress concentra-
tion for the formation of the nucleus exists (𝑝𝑡𝑤 ), and by the probability that one of those 
nuclei grows into a twin (𝑝𝑛𝑐𝑠) 
?̇?𝛽 = 𝑝st
𝛽𝑝ncs𝑝tw                                                                                                                             (AII. 2) 
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In the FEM implementation 𝑝𝑡𝑤 and 𝑝𝑛𝑐𝑠 are calculated analogous to [136]. However, 
as slip systems are differentiated, 𝑝𝑠𝑡 can be calculated individually for each twin system 𝛽 
based on the slip activity of the slip systems involved 
𝑝𝑠𝑡
𝛽 = 
?̇?𝛼1𝜌𝛼2 + ?̇?𝛼2𝜌𝛼1
𝐿0
                                                                                                            ( 𝐼𝐼. 3) 
where ?̇?𝛼1, ?̇?𝛼2 are the shear rates on slip system 𝛼1/𝛼2, 𝜌
𝛼1, 𝜌𝛼2are the dislocation densities 
on slip system 𝛼1/𝛼2, and 𝐿0is the length of the sessile partial dislocations forming the twin 
nucleus. 
In order to make the nucleus grow, a critical stress 𝜏𝑐 =
𝛾𝑠𝑓
3𝑏𝑠
+
3𝐺𝑏𝑠
𝐿0
, where 𝛾𝑆𝐹is the 
SFE and 𝑏𝑆 is the Burgers vector of the Shockley partial, has to be overcome [136]. Since 
energy is always gained during grain growth, it is assumed that twins grow instantaneously 
until they encounter an obstacle such as a grain boundary or a twin on a non-coplanar twin 
system. A new twin is considered to be disc-shaped, where the radial dimension is based on 
the average twin spacing. The twin volume is then given by 
𝑉tw =
𝜋
4
𝑒𝑡2                                                                                                                                       ( 𝐼𝐼. 4) 
where 𝑡 is the average twin spacing and 𝑒 is the average twin width. 
Finally the twin volume fraction evolution is calculated by the product of the nuclea-
tion rate with the volume that a new twin occupies, and the untwinned volume 
𝑓ṫw = (1 − 𝑓tw)?̇?𝑉tw                                                                                                                       ( 𝐼𝐼. 5) 
Further details such as the incorporation of temperature are given in [134, 136]. 
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Appendix III – CA Model 
Cellular automata for recrystallization are based on the idea that recrystallization can 
be abstracted as a simple change of state i.e. from the deformed to the recrystallized one. We 
used an advanced CA code [227] that treated the change of state as a discrete local process 
which is controlled by the thermally activated physical velocity of a moving grain boundary 
segment [228] 
𝑣 = 𝑚 ∙ 𝑝 = 𝑚0 exp(−
𝐻
𝑘𝑇⁄ ) ∙ (
1
2
𝐺𝑏2𝜌𝑑𝑒𝑓)                                                                       ( 𝐼𝐼𝐼. 1)  
where m is the mobility of the grain boundary, p is the driving force, and H and m0 are the 
migration activation enthalpy and the preexponential factor of that boundary segment, respec-
tively. The driving force is controlled by the local dislocation density 𝜌𝑑𝑒𝑓 in front of the 
boundary (cf. Fig. AIII.1). The model was recently tailored to massive parallel computation 
for high-speed simulations of significantly larger systems with outstanding spatial resolution 
[133]. 
 
Figure AIII.1: The nucleus n1 is placed in a deformed matrix in the vicinity of a triple junction. Differently ori-
ented matrix grains (different colors) are characterized by different dislocation densities ρx. The 
difference in dislocation density between nucleus and each deformed grain serves as driving force 
for recrystallization. Different velocities of the recrystallization front are indicated by white solid 
lines [133]. 
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Coupling of CP-FEM and CA models 
In order to conserve the resulting topology of the stored energy and orientation to al-
low for the selective placement of recrystallization nuclei, the CP-FEM aggregate was 
mapped onto the discrete representative volume element (RVE) domain of a 3D CA. The cells 
located at grain boundaries among deformed grains were tracked accurately to allow the se-
lective placement of recrystallized nuclei at these interfaces. This structure was subsequently 
used to perform the simulations of primary recrystallization. 
Aiming at a statistically significant setup the number of total nucleation sites was in-
creased by extending periodically the CP-FEM aggregate as a whole, resulting in a total of 
59535 deformed grains of dimensions 59 µm x 14 µm x 14 µm (RD x TD x ND), as it was 
determined by optical microscopy. The orientation and dislocation density inside each such 
grain was assumed to be homogeneous. Upon completion of the synthesis process the CA 
domain comprised a total of 11703 cells, each of which represented a volume of (0.76 µm)3.  
Two different microstructures were synthetized, namely, one with grains having a uni-
form size and another one with an explicit non-uniform grain size distribution, as shown in 
Figure 5.11. The reason for this was to study the effect of a non-uniform grain size on recrys-
tallization microstructure evolution.  
Nucleation of recrystallization 
Modeling of the nucleation process was based on experimental observations during in-
cipient recrystallization (see Section 5.1.2.2). Nucleation was observed to occur dominantly at 
grain boundaries and triple junctions of the deformed austenite grains. 
The total number of nuclei Ntotal as well as their orientations was extracted from sever-
al subdivided ex-situ EBSD mappings of samples annealed for very short times to capture 
incipient recrystallization (Figs. 5.3 and 5.4). The total inspection area was approximately 
0.5 mm2. By utilizing stereographical principles [229], one can relate the average area density 
NA to a volume density assuming an average critical nucleus diameter of 3 µm and a homoge-
neous distribution of nucleation sites in space. Here, it should be noted that the orientations of 
the nuclei placed in the CA were sampled randomly from the discretized ODF of the RX 
grains and, therefore, also included the orientation changes due to annealing twinning. 
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Based on the assumption that the nucleation rate scales with the dislocation density 
difference we define a nucleation efficiency 𝜖𝑖 with which the Ntotal nuclei were partitioned 
onto each grain boundary i  
𝑁𝑖 = 𝑁𝑡𝑜𝑡𝑎𝑙 ∙ 𝜖𝑖 = 𝑁𝑡𝑜𝑡𝑎𝑙 ∙
(𝜌𝐻 − 𝜌𝐿)𝑖 𝑖
∑ [(𝜌𝐻 − 𝜌𝐿
𝑛
𝑖 )𝑖 𝑖]
                                                                         ( 𝐼𝐼𝐼. 2) 
Therein, Ai denotes the number of cells that construct discretely a particular grain boundary 
face. With these quantities Ni evaluates as the number of nuclei that are placed at a grain 
boundary i, across which a dislocation density difference is quantified by ρH-ρL ≥ 0 (the indi-
ces H and L denote ‘high’ and ‘low’, respectively). It is noted that the efficiency 𝜖𝑖 takes into 
account the number of cells associated with a specific grain boundary. The dislocation densi-
ties difference was provided by the CP-FEM simulations. It was further assumed that nuclea-
tion was restricted to high-angle grain boundaries (with misorientation angles Θ ≥ 15°). 
In order to study the effect of the topology of the nucleation sites, the nuclei were ei-
ther placed at grain boundaries or distributed randomly in space in the different synthesized 
deformation microstructures. In all simulations, site-saturated nucleation was considered as no 
time dependency was observed for the nucleation in TWIP steels [58, 90, 97]. Due to the low 
stacking-fault energy, static recovery was considered to have a minor effect [107, 117, 176] 
on the reduction of the driving force, and thus, it was neglected. 
Nucleus growth 
The grain boundary mobility was taken from a dataset obtained experimentally on Fe-
3%Si bicrystals [230]. Low-angle grain boundaries (ϴ ≤ 15°) were considered essentially 
immobile, whereas the mobility of all high-angle grain boundaries was kept significantly 
higher and constant. The experimental heating curves were utilized to stepwise simulate non-
isothermal controlled annealing treatments. In order to integrate accurately in time a forward 
time integration scheme [133] was utilized.  
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Abstract 
Due to their outstanding mechanical properties high-manganese TWinning-Induced 
Plasticity (TWIP) steels have gained high attention of the world-wide scientific and commer-
cial steel community during the last two decades. Although TWIP steels are optimal candi-
dates for structural automobile components, their implementation is still in its infancy owing 
to the limited understanding of the physical mechanisms of these materials. 
In order to contribute to a better understanding of the underlying mechanisms that de-
termine the deformation and annealing behavior of TWIP steels, the microstructure and tex-
ture evolution was analyzed and correlated with each other in the current work. Three TWIP 
steels with low Stacking Fault Energy (SFE) values (25 mJ/m2 – 29 mJ/m2) were subjected to 
cold rolling and Equal-Channel Angular Pressing (ECAP) for analysis of the deformation 
behavior. In addition to changing the strain path, the SFE was also changed by increasing the 
deformation temperature during ECAP. Both the cold-rolled and the ECAP-deformed speci-
mens were then heat treated in order to investigate the annealing behavior. The respective 
deformation and annealing microstructures were also correlated with the mechanical behavior 
of these alloys. The microstructures and textures were characterized experimentally by means 
of optical microscopy, SEM/EBSD, TEM, and X-ray diffraction, whereas the mechanical 
properties were analyzed using uniaxial and multi-axial deformation techniques. Furthermore, 
computer simulations in terms of the Crystal Plasticity Finite Element Method (CP-FEM), 
Visco-Plastic Self-Consistent (VPSC), and Cellular Automaton (CA) model were used to gain 
a deeper understanding of the mechanisms that determine the behavior of TWIP steels. 
During cold rolling in the range between 10% and 80% thickness reduction the defor-
mation texture transformed from a Copper-type texture with the dominant Cu, S, and Brass 
texture components at low deformation degrees (10%-20%) over a transition stage (30%-
50%) to a Brass-type texture that was dominated by the Brass, Goss, CuT, and S texture com-
ponents and by an additional γ-fiber (60%-80%). By contrast, the deformation by ECAP at 
300 °C for 1, 2, and 4 passes following route BC caused a strongly different microstructure 
due to the high imposed shear strain and due to the increased SFE resulting from the increased 
deformation temperature. As a consequence of less pronounced deformation twinning, a tran-
sition texture was formed during ECAP. 
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Subsequent annealing of the cold-rolled and ECAP-deformed TWIP steels led to re-
covery and discontinuous recrystallization. The texture after recrystallization was found to be 
a weak retained deformation texture that formed due to oriented nucleation and recrystalliza-
tion twinning. In order to analyze the influence of microstructure heterogeneities, such as het-
erogeneously distributed dislocation and nuclei densities, experimentally supported and cou-
pled CP-FEM and CA simulations were performed. 
 Based on the necessity for yield strength enhancement of TWIP steels, a processing 
route consisting of cold rolling and recovery annealing was suggested and applied to two of 
the TWIP steels. In order to understand the material behavior during this processing scheme, a 
correlation between the mechanical properties, the processes occurring during heat treatment, 
and the specific features of the microstructure after cold rolling and annealing was estab-
lished. Furthermore, texture analysis was introduced as a new reliable method to determine 
the optimal cold rolling and annealing parameters for this processing approach. Finally, the 
potential and limitations of recovery-annealed TWIP steels were discussed. 
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Kurzzusammenfassung 
Hochmanganhaltige Twinning-Induced Plasticity (engl. für durch mechanische Zwil-
lingsbildung induzierte Plastizität) (TWIP)-Stähle haben in den letzten beiden Jahrzehnten 
weltweit sowohl das wissenschaftliche als auch das industrielle Interesse geweckt. Dieses 
Interesse begründet sich hauptsächlich durch die herausragenden mechanischen Eigenschaften 
dieser Materialien. Obwohl TWIP-Stähle durch ihre Eigenschaften als optimale Kandidaten 
für sicherheitsrelevante Strukturbauteile in Automobilen gelten, ist ihre bisherige Verwen-
dung stark limitiert. Dies liegt vor allem an dem mangelnden Verständnis für die metallphysi-
kalischen Prozesse in diesen Stählen.  
Ziel der vorliegenden Arbeit ist es, zu einem besseren Verständnis für die zugrunde-
liegenden Mechanismen, die das Verformungs- und Wärmebehandlungsverhalten bestimmen, 
beizutragen. Hierzu wurden die Mikrostruktur- und Texturentwicklung von drei TWIP-
Stählen mit geringer Stapelfehlerenergie (SFE) (25 mJ/m2 - 29 mJ/m2) analysiert und mitei-
nander korreliert. Für die Untersuchung des Verformungsverhaltens wurden die verwendeten 
TWIP-Stähle zum einen kaltgewalzt und zum anderen mittels Equal-Channel Angular Pres-
sing (ECAP) verformt. Hierbei wurden sowohl der Einfluss des Verformungsweges als auch 
der SFE betrachtet. Sowohl die kaltgewalzten als auch die mittels ECAP verformten Proben 
wurden einer anschließenden Wärmebehandlung unterzogen, um das Materialverhalten wäh-
rend der Glühung zu charakterisieren. Die eingestellten Mikrostrukturen wurden mit dem 
Verformungsverhalten korreliert. Die Mikrostruktur- und Texturcharakterisierung erfolge mit 
Hilfe von Lichtmikroskopie, REM/EBSD, TEM und Röntgenbeugung. Die Bestimmung der 
mechanischen Eigenschaften erfolgte mittels einachsiger und mehrachsiger Verformungsver-
suche. Des Weiteren wurden Computersimulationen unter Verwendung von CP-FEM-, 
VPSC- und zellulären Automaten (CA)-Modellen genutzt, um die relevanten Mechanismen 
detailliert untersuchen und besser verstehen zu können. 
Während der Kaltwalzprozesse formte sich bei geringen Walzgraden (10%-20%) eine 
Kupfertextur mit den Texturkomponenten Cu, S und Messing. Bei Erhöhung des Umform-
grades (30%-50%) durchlief die Texturentwicklung zunächst eine Übergangsphase bis sich 
bei hohen Walzgraden (60%-80%) eine Messingtextur mit den Haupttexturlagen Messing, 
Goss, CuT und S mit einer zusätzlichen γ-Faser ausbildete. Im Gegensatz dazu verursachten 
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die starke plastische Scherverformung und die geänderte SFE während der Verformung mit-
tels ECAP bei 300 °C für 1-4 Durchgänge über Route BC eine stark abweichende Mikrostruk-
turentwicklung. Infolge geringerer Zwillingsbildung bei der ECAP-Verformung wurde eine 
Übergangstextur ausgebildet. 
Bei der anschließenden Wärmebehandlung wurden sowohl statische Erholung als auch 
diskontinuierliche Rekristallisation aktiviert. Die Rekristallisationstexturen des gewalzten und 
des über ECAP verformten Materials konnten als schwache Verformungstexturen identifiziert 
werden. Hierbei wurden die Verformungstexturkomponenten durch orientierte Keimbildung 
beibehalten und die Textur durch die Bildung von Rekristallisationszwillingen abgeschwächt. 
Der Einfluss von Mikrostrukturheterogenitäten, wie zum Beispiel heterogen verteilten Verset-
zungs- und Rekristallisationskeimdichten, wurden durch gekoppelte CP-FEM und CA Simu-
lationsstudien analysiert. 
Aufgrund der Notwendigkeit, dass die Streckgrenze von TWIP-Stählen für deren prak-
tische Anwendung erhöht werden muss, wurde eine Prozessroute bestehend aus Kaltwalzen 
und Erholungsglühung vorgeschlagen und auf zwei der verwendeten TWIP-Stähle angewen-
det. Um das Materialverhalten während dieser Prozesskette zu analysieren, wurden die resul-
tierenden mechanischen Eigenschaften mit den bei der Wärmebehandlung ablaufenden me-
tallphysikalischen Prozessen und den entscheidenden mikrostrukturellen Änderungen korre-
liert. Außerdem wurde eine neue Methode entwickelt, die es erlaubt die optimalen Verfor-
mungs- und Glühparameter mit Hilfe der Texturanalyse zuverlässig zu bestimmen. Aufbau-
end auf der vorgeschlagenen Prozessroute wurden das Potential und die Limitierungen von 
erholungsgeglühten TWIP-Stählen untersucht und diskutiert. 
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